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Abstract.
Fatigue Crack Growth In Thermally Loaded Components.

The design of first wall components in a nuclear fusion reactor must take into account
thermal cycling, through thickness temperature gradients and the possible presence of
surface defects arising during construction or through plasma bombardment during
service. This thesis describes the experimental procedures and the analysis performed in
an investigation of the thermal fatigue crack growth behaviour of defective tubular
components of the fusion reactor first wall material, ICL 167 SPH. To provide a basis
for the investigation, a literature review is initially presented. The literature review
introduces the process of fatigue failure and the important relationships and equations.
Fatigue crack growth rate is identified as the parameter used to determine the component
life, while the application of both linear elastic fracture mechanics and post yield fracture
mechanics to thermal fatigue is discussed. Finally the metallurgy, both physical and
mechanical properties and the behaviour of ICL 167 SPH under cyclic loading is
presented.

Both low cycle fatigue and linear elastic fatigue loading experiments were performed on
standard specimen geometries to develop the material characteristics at the temperatures
of interest. The experimental rigs, specimen development and method of data
accumulation are described. The results are compared with available data for the similar
Type 316L austenitic stainless steel and coefficients for the fatigue relationships
produced. A thermal cycling rig was constructed to simulate the thermal loading of first
wall tubular components. The dévelopment and instrumentation of the tubular
components is described in conjunction with the adaptation of the direct current potential
drop method which monitored the thermal fatigue crack growth. Beyond the influence of
the crack initiating notches, the thermal fatigue crack growth rates were found to be
similar from either the external or the internal surfaces of the components and were in a
similar range to the resultant crack growth rates from the mechanical fatigue crack
growth experiments.

A thermal strain finite element analysis was performed to determine the values of stress
and strain, through the thickness of a defect free, unnotched component, during a
number of thermal cycles. The superposition method was applied to calculate the
equivalent stress intensity factor at various crack depths through the thickness of the
component. The difficulties in analysing thermal cyclic problems and the necessity for
post yield evaluation were identified. Finally, it was concluded that mechanical fatigue
crack growth rate data could be used to predict thermal fatigue crack growth rates in the
thermal cycling loading of first wall tubular components.
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1.0. Introduction.

Engineering materials are an important commodity in the development of modern
society. Engineers use the diverse properties of different materials in the design of
products and systems to meet society’s needs. Beyond the basic requirements of survival,
(food, shelter and clothing), energy must rank as the greatest of modern society’s needs.
The greatest demand is for the generation of electricity. There is increasing awareness of
the ecological damage involved in the burning of fossil fuels therefore the requirements
for alternative sources of energy has never been greater. Extended use of the waves,
wind and the force of gravity on water to generate electricity, produces visions of a
clean, efficient and cheap energy source in the twenty-first century. However, in reality,
the most developed method of generating ecological friendly electricity, a hydro-electric
power station, can only produce one tenth of the present demand of a coal burning
power station.

A solution is required which does not have the limited life of fossil fuels but can
generate electricity in a large enough quantity to meet the demand for power. Generation
of electricity using the thermal product of nuclear reactions has increased over the last
forty years. However, the combined problems associated with the radioactive waste from
nuclear fission and the threat of radioactive contamination of the atmosphere as a
consequence of a reaction chamber melt-down has turned public opinion away from
nuclear power as the preferred source of energy. Consequently, a greater interest has
been placed on the development of a power station which generates electricity from a
fusion reaction. The physics involved is beyond the scope of this thesis. However, a
fusion reaction occurs as a chain reaction to produce energy, a helium nucleus and
gamma radiation. The continuous use of reaction products to initiate further reactions
reduces the quantity of radioactive waste. Therefore a significant problem for the
engineer, is to design a structure that can house a fusion reaction while safely supporting
the necessary components under in service loading conditions.

Thus the engineer has the unenviable task of designing a large structure and selecting
materials which will be subjected to loads that can only be speculated during the design
phase. Therefore, since the early 1980’s, a number of European and international
committees have been formed to investigate the material requirements of the components
of a fusion reactor, [Harries,1986]. The Next European Torus, (NET), is the nuclear
fusion project of the European Communities. The basic design of the NET experimental
fusion reactor contains a thermonuclgar plasma within a pulsed electromagnetic field, as
illustrated in Figure 1.0.1. The structure is supported by a first wall with divertor plates,
to maintain the purity of the plasma, and a breeding blanket, which is a system for heat
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recovery and trititum production.

The original candidate materials for the first wall components were ICL 167 SPH, which
is a batch of Type 316L austenitic stainless steel, and the martensitic steel, DIN 1.4914.
The three main damaging processes of the first wall in service conditions have been
identified as thermal fatigue, plasma disruptions and irradiation creep, [Merola and
Matera,1991]. Both materials have been compared under the proposed loading
conditions, [Harries and Zolti,1986], and the austenitic stainless was selected, mainly
due to the large industrial and nuclear experience acquired on this material.

Within the framework of the NET project, an investigation into the integrity of first wall
components is being made at the Commission of the European Communities’ Institute
for Advanced Materials, at Petten in The Netherlands. The project was divided into two
parts. The first was an experimental simulation of the behaviour of first wall components
when subjected to the proposed thermal cycling out-of-pile, which forms the subject of
this thesis. The task of developing this experimental rig and analysing the results, was
designated to the components testing section of the material characterisations group. The
second part of the NET first wall project is to investigate the thermal cyclic loading of
similar components within the high flux fission reactor, at Petten. The components
testing section is in an expert position to investigate the behaviour of first wall
components due to their previous success in developing unique component testing rigs,
[Hunter and Hurst,1989], combined with the available knowledge in the behaviour of
steels and alloys under loading conditions within the power generation industry.

With the continuous development in the design of the fusion reactor, both the structural
design and the first wall loading parameters have been specified, [Merola and
Matera,1991]. The thinnest designed sections of the first wall are 10mm in thickness,
from the plasma facing surface through to the internal surface of the coolant flow
channel. The most life diminishing effect has been predicted to be the thermal fatigue
crack growth resulting from the combination of the thermal cycles and defects in the first
wall components. Manufacturers and operators of structural components have learned to
live with the problems of in service fatigue loading using information available on
material properties and the effects of cyclic stresses, environmental conditions and
surface quality. However the majority of fatigue lifetime predictions have been produced
using standard specimen geometries under controlled loading conditions. Complications
arise when the shape of actual components differs greatly from that of the test specimen
and when the component is subjected to a combination of loading such as variable
cycling, internal surface pressure and axial stress at high temperatures. When thick-
walled tubular components are subjected to a combination of external heating and
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internal cooling, thermal gradients will develop through the thickness of the component.
Cycling the external surface temperatures will produce transient secondary stresses
within the component, the magnitude of which will depend upon the range in
temperatures, the material characteristics and the geometry of the component. the
difficulty in calculating the magnitude of such stresses is increased further when a defect
or a crack is situated within the thickness of the component.

A combination of these factors govern the effective lifetime of the first wall components.
It is normally considered impossible to predict the lifetime of such components from
available mechanical fatigue data for similar austenitic stainless steels. Research is
required into the behaviour of components under conditions which simulate the most
damaging first wall loading conditions.
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2.0. Literature Review.

The aim of the following sections is to introduce the important terms in the study of
fatigue behaviour of metals with reference to the findings of previous investigations.
Following an introduction to the process of fatigue failure a section will be devoted to
the various methods which have been employed to determine the fatigue behaviour of
metals and the relationships developed to relate the behaviour of metals to the test
conditions. The effects of external parameters on the mechanical fatigue behaviour of
metals will introduce the effect of increased and varying temperature which in turn will
lead on to the study of thermal fatigue behaviour of metals.

Interest will then be diverted to the study of fracture mechanics and the methods of
determining the behaviour of metals in relation to fatigue crack growth under mechanical
loading. This section will be extended to crack growth under thermal fatigue loading and
the significance that this has on the development of electricity generating power stations.

From this position the material of interest ICL 167 SPH will be introduced, its similarity
to other 316 type stainless steels will be described and the relevant fatigue and fatigue
crack growth relationships produced from the available literature on austenitic stainless
steels. Specific interest will be made to the proposed conditions of application of the
components of the first wall of a nuclear fusion reactor and the necessary data required
to perform thermal cycling tests and analyse the resultant data will be discussed.

2.1.1. Introduction To Fatigue.

In engineering terms, fatigue is the failure of a component at a stress concentrating
region through the propagation of a crack under cyclic loading. The amplitude of cyclic
stress is often below that of the yield strength of the material, which is determined from
increasing tensile load tests, which are often expressed as monotonic load tests. The
process of fatigue failure is a combination of three stages; local deformation, crack
initiation and crack propagation to failure. In engineering terms;

1) Dislocation movement produce microcrack initiation within the grains of the
material’s substructure. The cracks are relative in dimensions to grain size.

2) Coalescence of microcracks to form and initiate a macrocrack.

3) The crack propagates in a perpendicular direction to the applied load and final
fracture occurs when the crack is very long and the remaining ligament cannot support
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the load.

The process of fatigue contributes to the failure of components in many industrial
applications. Engineering theory is applied at many of the cornerstones that support the
national economies, including energy generation, manufacturing processes and methods
of transportation. In each application there are requirements for the safe and economical
use of materials for manufacture of both structures and working parts. During service,
load carrying components can experience vibrations, cyclic movements, shutdowns,
start-ups, heating and cooling resulting in cyclic loading. The resultant cyclic stresses
and strains enhance the fatigue failure of the components. For simplicity the origins of
the damaging stresses can be separated and the term fatigue can be described as;

1) mechanical fatigue in which direct loading produces primary stresses in components
in the automotive industry, air and space travel, offshore structures and power
generation.

2) thermal fatigue in which thermal differences produce secondary stresses in
components in advanced gas cooled reactors, engine blades, sodium-cooled fast reactors,
proposed fusion reactors, military gun barrels and steam turbines.

To design components for such industrial applications the engineer needs to know the
operating load conditions and which materials can perform satisfactorily under these
conditions. Therefore knowledge of the material properties data and the behaviour of
materials under the actions of various loading conditions are required. The term
"fatigue" was originally used by Braithwaite,[1854], in an address to the Institution of
Civil Engineers in 1854, to describe the failure of various pieces of industrial equipment
including railway carriage axles and manufacturing equipment used in brewing beer.
With continued failures in both railway bridges and wheel axles investigations into the
fatigue behaviour of iron and steel became very important for both safe designs and
liability cases. In Germany, Wohler,[1871], investigated the fatigue behaviour of railway
axle steels with decreasing stress amplitudes and found that failure occurred at cyclic
stress levels which were less than the yield strength of the material as determined from
uniaxial tensile tests. From the early experiments to the present day the study of fatigue
has expanded and has become a very complex subject. Using the history of fatigue as a
guideline the following sections will describe the important relationships which relate the
fatigue process and the experimental techniques used to explain them. It is worthwhile to
introduce monotonic testing as the behaviour of materials from such tests are constantly
used as comparisons with the behaviour of materials under cyclic loading.



2.1.2. Monotonic Testing Properties.

In a tension test a smooth specimen with either a cylindrical gauge section or a flat sheet
section is subjected to an increasing uniaxial tensile load while the resultant elongation is
measured. Two stress/strain curves can be developed from this testing technique, Figure
2.1.1. The engineering stress/strain curve is a direct measurement of applied load, P,
divided by original specimen area, A , plotted against change in specimen gauge length,
Al, divided by original specimen gauge length, 1. The modulus of elasticity is the slope
of this curve in the initial linear regime and is given by the equation;

()

The engineering proof strength of the material is the stress at which an offset line,
(normally 0.2% strain), with slope E, intersects the stress/strain curve. The engineering
ultimate tensile strength is the stress at maximum load, and is given by the equation;

(2.1.1)

S, = —m (2.1.2)

When the reduction in area of the gauge section is taken into account then the true
engineerinig stress/strain curve is developed. At all tensile stresses, the true stress
continues to increase due to increasing load. The reduction in area is given by the
equation;

[

A,- A4,
%R4 =| ==L |x100 2.1.3)

The true engineering fracture strength, G,, is given by the equation;

o, =—1 (2.1.9)

while the true fracture ductility, €,, is given by the equation;



£ = h{ jo) (2.1.5)

A

where the subscript, f, represents values at fracture and the subscript, o, represents
original values. From Figure 2.1.1, the relationship between true stress and true plastic
strain is developed which includes the strain hardening exponent, n, and the strength
coefficient, L;

o=1I(g,) (2.1.6)

Equation 2.1.6 can be used to compare with the cyclic stress/strain behaviour of the
material and will be discussed in greater detail in the following sections.

2.1.3. Mechanical Properties Of Fatigue.
2.1.3.1. Stress Cycling Properties.

The first systematic fatigue testing was carried out by Wohler,[1871], between 1852 and
1875 on smooth and notched specimens of railway axle steels. He performed the
experiments on a rotating bending stress machine under stress control. Stress control
tests can be performed using axial loading, (tensile-compression), rotating bending or
alternate bending. Stress control is obtained by cycling the specimen between a pre-
determined load. Figure 2.1.2. displays the important stress parameters. Wohler,[1871],
was the first to perform a series of experiments on similar specimens, each at a different
stress amplitude, and to display the results as stress-range/life plots. He also found that
the number of cycles required to cause failure of a steel specimen decreased when a
notch was introduced and the specimen was tested at the same nominal stress range.
Through the development of fatigue testing both the specimen geometry and testing
techniques have been standardised. Experiments are performed on solid section
specimens with circular or rectangular cross-sections with or without machined notches.
With notches, the circular cross-section specimen normally has a circumferential notch
while the rectangular cross-sectioned specimen normally has side notches. The different
testing techniques produce different results due to the stress gradients through the
specimen. Uniaxial tests produce a uniform stress gradient across the whole cross section
while bend test specimens experience large stresses at the outer surface and zero stress in
their centres.

From Wohler’s original experiments the first S/N curves were developed, Figure 2.1.3,
which displayed that with decreasing stress, steels are subjected to increasing cycles to
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failure until a certain stress at which fatigue failure does not occur. The investigation of
the fatigne behaviour of iron and steels was continued in Germany by
Bauschinger,[1886], who invented a mirror extensometer which measured small inelastic
strains. Bauschinger confirmed Wohler’s findings that at low stresses there existed a
"natural elastic limit" below which fatigue would not occur. This was termed as the
fatigue limit of the ferrous metals. With non-ferrous alloys and aluminium the rate of
decreasing stress amplitude with increasing number of cycles is less and there is no
definite fatigue limit. This led to the recognition of an endurance limit of 107 cycles,
therefore avoiding infinite life tests. In the early years of the 20* century,
Basquin,[1910], was investigating endurance testing and described fatigue failure during
tests in which the stress amplitude was the same for each cycle by a relationship of the
following form;

Ac=0(N,)" @2.1.7)

where ACG is the stress range, O, is the fatigue strength coefficient given by
extrapolation of the S/N curve to N=1, N, is the number of cycles to failure and b is
called the fatigue strength exponent which is the slope of the line on a logAG vs. logN,
plot. This coefficient is often within the range -0.12<b<-0.05. As recently as the
1960’s, Morrow,[1965], took mean stress, G_, into account and developed equation
2.1.7 into;

ac=(d.-ac,)n,)" (2.1.8)

This relationship displays a decrease in fatigue life with a tensile mean stress and an
increase in fatigue life with a compressive mean stress. When a specimen is subjected to
a state of stress that combines a mean stress, O, with a cyclic stress amplitude, O
failure by fatigue fracture may be predicted from a Goodman diagram. The Goodman
diagram contains the modified Goodman line which relates the mean stress, on the x-
axis, to the stress amplitude, on the y-axis, by the equation;

o O,
-y —a=] 2.1.
s + 3 (2.1.9a)

where S, is the tensile strength of the material and S, is the endurance strength of the

material. If the plotted point, (G_,0), lies between the line represented by equation
2.1.9a and the x-axis, then it may be assumed that fatigue failure will not occur. Upon
yielding, the modified Goodman line is altered to take the yield strength S,, of the
material into account;



o O o, S, (8-S
0,,0. f 25 Se| D70 2.1.9b
s S o« T -Su[sy—sg] (2.1.90)
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o, +0, =38 f ) L4 2.1.
™ On =5y > T, SM[Sy-SBJ (2.1.9¢)

To take into account the more detrimental effect of tensile mean stresses in comparison
to compressive mean stresses, the Goodman diagram may be altered to that shown for
the yield criteria in Figure 2.1.4. Goodman diagrams can also be constructed for
conditions of bending and torsion loading and those of general biaxial states of stress,
[Budynas,1977].

Ewing and Humfrey,[1903], performed microscopic studies, at 1000 times
magnification, of the same region of a flat fatigue specimen of annealed steel at various
intervals during stress cycling. After a few cycles they observed slip lines on some of the
crystals. The slip lines were similar to those observed on a specimen after static tensile
loading beyond the yield stress. After more cycles the density of slip lines increased.
Further cycling and the slip lines appeared as wide bands with tangled boundaries. With
increasing number of cycles the breadth of the bands increased and dark markings were
observed on the surface. The broad bands had formed as crystals and cracking was
observed along the broad slip bands and in some cases on a single crystal. More cycling
and individual cracks across the crystals coalesced to form one long crack which grew to
fracture. This investigation described the basics of the fatigue failure process.

During the first twenty years of the 20* century cyclic strain was identified as an
important factor in the process of fatigue failure. Bairstow,[1911], measured cyclic
plastic strains during axial push-pull tests on iron and steel. He observed cyclic softening
in axle steel at stress levels well below the yield point on the monotonic stress-strain
curve. He also recognised that the endurance limit was at a stress level corresponding to
predominately elastic strains. During 1915 Smith and Wedgewood,[1915], presented
stabilized cyclic stress-strain hysteresis loops which were later analysed by
Jenkins,[1923], who presented a model which described the effects of stress amplitude,
mean stress and previous loading history on the cyclic stress-strain curves.

During the 1920’s Griffith,[1921], presented his classic paper, which demonstrated that
when a crack grows to a critical length then depending on the magnitude of the applied
load, brittle fracture occurs. This is exactly the same as the last cycle of a fatigue failure
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at a critical crack length. However it was not until forty years later that interest in
fatigue related fracture mechanics began. Modern fatigue fracture mechanics is to be
discussed in detail in a later section. During the forty years following the introduction of
Griffith’s fracture theory, research into fatigue was mainly performed to determine the
effects of various factors on long-term fatigue life. However many theoretical studies
were made on the elastic thermal stresses resulting from temperature differences in
tubes, [Barker,1927], spheres and cylinders, [Kent,1932], flat plates, thin and thick-
walled cylinders, [Goodier,1937], and in the case of periodic surface temperatures on
cylinders, [Jaeger,1945). Although these studies did not indicate the effects of cyclic
thermal stresses on the various geometries they did display the large magnitude of
stresses that could be generated through heating components.

In 1954 two simultaneous, independent investigations into the effects of cyclic thermal
stresses on ductile materials by Coffin,[1954], and Manson,[1954], led to the
confirmation that cyclic plastic strain was the basic cause of fatigue failure. Both parties
performed experiments under cyclic temperature conditions and related the fatigue life to
the plastic strain range. Coffin suggested that even at very low ranges of total plastic
strain a fatigue crack would propagate and that the endurance limit, as observed in
ferrous metals, was a strain ageing effect due to the diffusion of impurity atoms which
prevent the reverse motion of dislocations. If the range of applied stress is low then it
could be impossible for dislocations to cross-slip to a neighbouring plane. Therefore
microcracks can not nucleate and the stress level remains constant with the increasing
number of cycles. The investigations of Coffin and Manson brought about a renewed
interest in cyclic strain and the initiation for the development of fatigue life relationships
based on strain control.

2.1.3.2. Strain Cycling Properties.

During strain controlled experiments a specimen is cycled between pre-determined strain
amplitudes over the specimen’s gauge length. Simultaneous recording of the stress and
strain amplitudes produces a hysteresis loop. The changes in the hysteresis loop during a
test produce a graphical representation of the process of fatigue. Figure 2.1.5 is a typical
hysteresis loop displaying the stress range, AG, and the total strain range, A€,, which is
the sum of the elastic strain range, A€, and the plastic strain range, A€,. During a strain
controlled experiment the initial change in stress range of the hysteresis loop displays
whether the material cyclic hardens or cyclic softens and when a stable stress range is
reached corresponds to the number of cycles at which saturation occurs. Towards failure
the stress range changes once more, normally the stress range decreases over the last
number of cycles however with some materials the stress range increases. The behaviour
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of the stress range during a strain controlled test is clearly observed in a plot of stress
against number of cycles, Figure 2.1.6. The number of cycles corresponding to
hardening/softening, saturation and failure are easily identified.

During the saturation period the hysteresis loops produced during each cycle are
identical. Plotting the total strain range against the stress range, as defined in Figure
2.1.7, for a number of tests which were performed at different strain ranges produces
the cyclic stress/strain curve for the material under the conditions of testing. The cyclic
stress strain curve is described by a relationship between the cyclic plastic strain range
and the steady state stress range in the following form;

n

A= 4(Ag,) (2.1.10)

where n’ is the cyclic strain-hardening exponent and A is a constant, sometimes called
the cyclic strength coefficient. Values of A and n’ have been developed for type 316L

stainless steel, in terms of the saturated stress amplitude, AG/2, and the saturated plastic

strain amplitude, A€ /2, and are presented in Table 2.1.1, [Gorlier et al.,1984], [Brun et
al.,1976].
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Temperature A n’
€9)
20 1300 0.21
300 e <10 460 0.13
300 e =10 4400 0.53
600 1500 0.29
20 1720.5 0.294
300 1267.4 0.2619
450 1042.1 0.2147

Table 2.1.1 Cyclic Hardening Constants and Coefficients for Annealed Type
316L.

When the cyclic stress-strain curve is compared with the monotonic curve the cyclically
induced changes in deformation resistance are observed. If the cyclic stress-strain curve
lies above the monotonic curve, the material cyclically hardens, if the cyclic curve is
below the monotonic the material cyclically softens. Pre-cycling treatment of a metal can
result in either hardening or softening. Typically, metals which have been cold worked,
(a percentage reduction in area by straining), display softening upon cycling while metals
which have been annealed, (held at a high temperature before natural cooling), display
hardening upon cycling. In metals which have a face centred cubic, (f.c.c.), lattice such
as copper, aluminium and nickel the cyclic sfress-strain curve stabilises to the same value
independent of the prestrain, as shown for copper in Figure 2.1.8., Feltner and Laird,
[1967]. The copper was pre-strained up to 50% in tension at room temperature and the
greatest annealing was for 24 hours at 450°C. A similar behaviour was observed with
cold-worked and annealed pure aluminium. In contrast to these observations with OFHC
copper, Lukas and Klesnil,[1973], have shown the above statement to be true for
prestrains up to 20%. For prestrains above 20% the cyclic stress-strain curves lie slightly
above the corresponding curves for the annealed material. For Cu-7.5%Al, (f.c.c.), the
cyclic stress-strain curve from the cold worked material always lies above that of the
annealed material. Thus indicating that the material maintains a degree of the initial
hardening effects of the cold-working.

Under cyclic loading at room temperature, Type 316L in the annealed condition

hardened to such an extent that the cyclic stress-strain curve sat well above the

monotonic stress-strain curve, especially at high strain amplitudes, while the same batch

of material pre-strained to a 20% cold-work condition softened, [Lieurade et al.,1986].

Cyclic softening of Type 316 stainless steel, which was cold-worked to a 20% reduction
12



in area, produced a cyclic stress-strain curve below the corresponding monotonic stress-
strain curve at room temperature, [Manjoine and Landerman,1982]. While 40% cold-
worked Type 316, cycled over a wide range of strain amplitudes, softened at both room
temperature and 600°C, [Plumbridge et al.,1980]. Cyclic hardening occurred with
annealed Type 316L at both room temperature and 600°C, although the stabilized stress
magnitude decreased with increasing temperature, [Degallaix et al.,1988].

Landgraf et al.,[1969], have demonstrated four quick methods of obtaining the cyclic
stress strain curve, for several metals, each using only one specimen. These methods
include;

1) multiple step tests; in which a smooth specimen is cycled for about 20% of the life at
high strain until saturation: A point for the cyclic stress strain curve is obtained, the
stress and strain are brought to zero and another block of cycling is carried out at a
lower strain amplitude than the first block and so forth.

2) incremental step tests; in which a smooth specimen is subjected to blocks of 20 or so
gradually increasing then decreasing strain amplitudes. After a small number of these
blocks the material stabilises resulting in a series of superimposed hysteresis loops with a
clearly easily observed locus of tips corresponding to the cyclic stress strain curve.

3) monotonic tension after cyclic straining; in which a specimen is cycled to saturation
by one of the previous two methods and is tested to fracture in tension. The resultant
monotonic tension curve was observed to almost lie over the locus of loop tips for an
aluminium alloy.

4) individual hysteresis loop; in which the cyclic stress strain curve is estimated from a
stabilized hysteresis loop by measuring the corresponding stress and strain from the loop
tip and dividing these values by two.

Agreement between the incremental, multiple step cycling data and the series of
specimen results was achieved at large strains with three different pre-treated specimens
of OFHC copper. However with various alloys the results from the four different
methods produced very similar values to the multiple specimen cyclic stress-strain
curves. Both the cyclic stress-strain and incremental step technique displayed the
expected shape relative to the monotonic stress-strain curves for quenched and tempered
SAE 1045 and SAE 4142 steels with four different values of original hardness. For each
steel an increasing degree of cyclic softening was observed with decreasing original
hardness.
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The cyclic stress strain curves can vary if the temperature or the strain rate at which the
test is performed are changed. Mowbray and McConnelee,[1973], have investigated the
effect of increasing temperature from room temperature to 285°C on the cyclic stress
strain response of three different steels. With 2%4Cr.1Mo steel a slight decrease in the
cyclic yield stress and a slight increase in the following hardening rate were observed.
With a low carbon steel there was a marked change in both the yield stress and the
following strain hardening. Both increased well with the increase in temperature which
was due in part to a strain ageing phenomena. With 304 austenitic stainless steel the
yield stress was difficult to determine at room temperature however the number of
curves from the first cycle to a shakedown beyond 100 cycles indicated that the yield
stress would be greater at room temperature than at and 285°C. However the
corresponding strain hardening rate would have been greater at the higher temperature.

Cyclic stress-strain curves have been produced by Jaske et al.,[1973], for annealed Type
304 and solution-annealed iron-nickel-chromium Alloy 800 over a range of temperatures
using both the increment step technique and the standard multiple specimen technique.
As with the results of Mowbray and McConnelee, Jaske and co-workers found that the
yield stress of the Type 304 decreased with increasing temperature between room
temperature and 649°C. However they also found the resulting cyclic hardening to
decrease with increasing temperature. With Alloy 800 both the yield stress and the
resulting cyclic hardening increased between room temperature and 427 °C then
simultaneously decreased with increasing temperature between 427 C and 760°C. At the
higher temperature range Jaske and co-workers found that decreasing the strain rate from
4x10° to 4x10* sec increased the cyclic hardening at 538°C and decreased it at 649°C.
These results indicated that there was a time dependent factor on the cyclic stress-strain
behaviour at high temperatures. This could possibly be a creep crack growth or creep
interaction effect which brings in the effect that hold times at maximum or minimum
strain have on the cyclic stress strain curve.

Abdel-Raouf et al.,[1973], have also produced cyclic stress-strain curves for low carbon
steel at different strain rates at a range of temperatures between room temperature and
540°C. At room temperature the hardening increased with strain rate however at 205°C
the hardening decreased with increasing strain rates. At both of these temperatures
secondary hardening was observed. Secondary hardening occurs after a saturation period
following the initial hardening. Secondary hardening occurred in tests performed at
370°C where decreasing strain rate produced greater hardening. The secondary
hardening was due to strain ageing effects except for the tests performed at 540°C in
which no secondary hardening occurred and the amount of hardening increased with
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strain rate. At the lowest strain rate, 4x10+ sec! no primary hardening was observed for
the range of strain amplitude investigated. Low carbon steels have a high interaction
energy between dislocations and impurity atoms which encourages secondary hardening.

A 40% cold-worked Type 316, which was cycled over a wide range of strain
amplitudes, softened at both room temperature and 600°C, [Plumbridge et al.,1980].
Cyclic hardening occurred with annealed Type 316L at both room temperature and
600°C, although the stabilized stress magnitude decreased with increasing temperature,
[Degallaix et al.,1988]. Previous ageing at 600°C produced no differences in the
hardening nature of the material although the stabilized stress magnitude decreased with
longer aged material at the high strain ranges and high temperature. With annealed 316L
an increase in nitrogen content produces cyclic softening at low strain ranges and
hardening at high strain ranges and room temperature. An increase in temperature to
600°C and hardening was observed with high nitrogen contents although the degree of
hardening is less at lower strain ranges than at the higher strain ranges of 1%. The effect
of increased ageing on Type 316LN with increased nitrogen content produces fatigue
softening at lower strain ranges and hardening at higher strain ranges when tested at both
20°C and 600°C.

For nuclear reactor applications, Grossbeck and Liu, [1981,1982,1985], irradiated
samples of 20% cold-worked Type 316 stainless steel and found similar magnitudes of
irradiation resulted in cyclic hardening when tested at 430°C, cyclic softening when
tested at 550" C and no change when tested at 650" C. All fatigue tests were performed in
a vacuum. Vandermeulen et al.,[1988], also observed a hardening effect of irradiated
Type 316L when tested in air at 430°C. Following hardening the flow stress of the
irradiated material was twice that of the unirradiated material.

Cycling annealed Type 316L specimens in a vacuum displayed little difference from the
cyclic hardening behaviour in air at both room temperature and 600 C, [Driver et
al.,1988]. The increasing temperature resulted in a decrease in the saturated stress
amplitude in both vacuum and air. With low strain range tests at 300°C, the saturation
stress values in a vacuum were larger than the corresponding values in air. This resulted
from a secondary hardening behaviour of the steel in a vacuum, which appeared as the
specimen in air failed and the vacuum specimen continued to harden during it’s extended
fatigue life. With single crystals, very little hardening was observed at low temperatures,
<300°C, and low plastic strain ranges, <0.3%, while at higher strains and higher
temperatures, the crystals display large proportions of cyclic hardening which produce
higher saturation stresses at 600 C than at both 300°C and 20°C. Following the rapid
hardening at 600°C a long period of cyclic softening occurred. In a vacuum the fatigue
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life of the single crystals was over three times that in air and the cyclic hardening
continued to failure and produced a saturation stress that was twice the value of that in
air.

Gorlier et al.,[1984], developed cyclic stress-strain curves from the data of Driver et
al.,[1988), for polycrystal and single crystal Type 316L in air. On a log-log scale, a
straight line relationship was obtained between the saturation stress amplitude, AG/2,
and the saturated plastic strain amplitude, A€ /2, at both 20°C and 600°C for both the
polycrystal and the single crystal material. At 300 C a break in the straight line plots
was observed, with an increase in hardening at plasﬁc strain amplitudes above 2x10-3.
The higher rate of hardening at both 300°C and 600" C corresponded with the required
temperature and plastic strain range conditions for the Portevin-Le Chatelier effect to
occur. This dynamic strain ageing effect occurs from successive yielding and ageing
during the test and results in slightly larger stress amplitudes at stabilization.

The material also displayed a memory effect, that is the influence of high strain pre-
cycling on a subsequent low strain level in a two step test, [Gorlier et al.,1984]. The
specimen was cycled to saturation at A€/2 = 2%, then the remainder of the test was
performed at a total strain amplitude of 0.3% at which the resultant saturation stress
amplitude was compared with that of a specimen cycled continuously at a total strain
amplitude of 0.3%. At room temperature the two step saturation stress amplitude was

- 120MPa greater than that of the continuous test. Identical two step tests at 300°C and

600°C resulted in greater saturation stress amplitudes of 90MPa and 50MPa
respectively.

2.1.3.3. Shakedown and Ratchetting.

The transition period of cyclic strain is not confined to loading above the yield stress. It
is possible for a structure to experience an applied load above yielding during the initial
cycling, followed by purely elastic loading. This process is known as shakedown and
depends on the magnitude of the residual stress field that develops in the structure
following the initial applied loading. If the maximum applied tensile stress does not
exceed twice the yield stress then the resulting compressive residual stress may be large
enough to prevent the structure from being subjected to further tensile yielding, [Rose
and White, 1987]. It may be difficult to determine the magnitude of residual stress when
separate mechanical or thermal loadings are applied, as occur in components within the
electricity generating industry. Furthermore, a material that displays a low yield strength
combined with cyclic hardening characteristics, such as 316L stainless steel, may
complicate the shakedown process, [Rose and White,1987]. It is possible for the
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maximum strain to increase with strain hardening while the strain range decreases, with
shakedown into the elastic strain range. Further complications arise at higher
temperatures when creep can occur. The resulting stress relaxation and re-distribution
may prevent the possibility of calculating the magnitude of the residual stress. Therefore
it may be impossible to determine whether shakedown will occur or not.

Shakedown can also occur in components that are subjected to thermal cycling,
[Skelton,1983]. Regions of plastic and elastic strain ranges have been determined within
tubular components which were subjected to thermal cycling. A region of plastic strain
was calculated to shakedown to elastic strain loading following the first half cycle,
[Burlet et al.,1989]. Regions of plastic strain were calculated to occur at the heated
external surface during the cooling part of a thermal cycle and at the internal surface of a
tubular component during the heating part of the cycle. Shakedown was shown to occur
in each case, [Skelton,1983]. Shakedown may also occur in part of the cross-section of a
component which yields when subjected to a combination of a steady and a cyclic stress,
[Beer,1971].

When primary and secondary stresses combine such that the complete cross-section is
strained beyond yield, then a certain amount of progressive deformation can occur
during each cycle. This process of incremental collapse is known as ratchetting and can
reduce fatigue life without crack propagation. Duﬁng ratchetting, the regions undergoing
yield, alternately on each side, overlap and the cycle does not settle down. With each
subsequent cycle, the strain increases further by a finite amount and the continuously
yielded zone increases in size. Ratchetting has produced plastic increases in the diameter
of cylindrical shell components within a steam turbine plant, [Beer,1971]. Although the
inclusion of a notch or a crack would enhance the possibility of ratchetting the overall
effect would be an increase in ratchetting rate as ratchetting has been shown to have little
effect on crack growth rates of 10+ mm/cycle, [Skelton,1983].

Following the transition period, the fatigue life may be described by relationships which
are based on the saturation stress-strain behaviour and the number of cycles to failure.
However, before introducing these relationships an indepth study of the micromechanics
of the transition period is required. This should help to explain the hardening and
softening behaviour of different materials.

2.1.3.4. Microstructural Development During Cyclic Loading.

With the renewed interest in strain cycling in the 1950’s and the developments in
electron microscopy over the past twenty-five years, a number of important
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investigations have been made based on the original findings of Ewing and Humfrey in
1903. The work of Feltner and Laird,[1967], Lukas and Klesnil,[1973], and Magnin et
al.,[1988], and many others have been referenced in a number of reviews of cyclic
loading and the transition period of the fatigue process, Ham,[1967], Coffin,[1972],
Grosskeutz,[1971] and Hatanaka,[1990].

The number of cycles spent in the transition period and the corresponding magnitude of
cyclic hardening or softening depend on a number of factors including the initial
microstructure of the material, the magnitude of the strain loading and the temperature.
When a metal is subjected to plastic straining, dislocations within the microstructure slip
along and/or across the crystallographic planes. The cyclic hardening of an annealed
metal occurs because of the interaction of dislocations to produce barriers to further
dislocation movement. Therefore an increase in stress is required for further plastic
deformation. Cycling between low strain limits may produce hardening that continues
for the entire duration of the test. With increased cyclic loading the dislocations form a
substructure suitable for supporting the load at a saturated stress level. The cyclic
loading of cold-worked material breaks-down the dislocation tangles and loops which
existed in the substructure following prestraining. The resultant softening of the metal
stabilises to a saturated value when a lower stress level is reached which can still
accommodate plastic deformation.

The ease with which screw dislocations can cross slip from one plane to another is a
major factor in the process of cyclic hardening or softening. The appearance of the
surface slip markings which develop from the plastic deformation make it possible to
categorise all metals into one of two slip modes. Metals in which screw dislocations
cross slip easily display a wavy slip mode, examples including copper, iron, nickel,
aluminium and low-carbon steels. While metals that witness a rare and difficult cross slip
are termed planar slip metals, such as Fe-Si alloy, austenitic steels, o-brass, magnesium
and nickel-base super alloys. Generally the number of cycles spent in the transition
period is lower in the case of wavy-slip materials than in planar-slip materials as
observed by Klesnil and Lukas,[1980], with the hardening of pure copper, (wavy-slip)
and Cu-31%Zn alloy, (planar-slip), under identical loading conditions.

In single phase face centre cubic, (fcc), metals the resultant saturated substructure can be
related to the amplitude of plastic strain, the temperature and the energy stored in the
stacking faults, (Figure 2.1.9). Grosskreutz and Hancock,[1969], have shown the
microstructural changes in a single crystal of copper during the hardening process.
Initially the dislocations appear as groups of long, straight, bundles or loops. With
repeated strain cycling the density of the groups of dislocations increase and the longer
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dislocations break up into short tangled bunches. At saturation a cell structure of
dislocation walls exist which can support the plastic strain without further increase in the
dislocation density. This mechanism of dislocation of a single copper crystal is typical
for wavy-slip f.c.c metals with a high stacking fault energy when subjected to large stain
amplitudes. Figure 2.1.9 is also a suitable approximation for pure bcc metals. Klesnil
and Lukas,[1980] have shown a similar behaviour in the microstructural development of
iron during high strain amplitude cyclic hardening. A saturation cell structure developed
within 1000 cycles, which was 2% of the fatigue life. As strain amplitude is increased
the saturation cell size decreases. Feltner and Laird observed the increase in dislocation
density within the cell walls, and the corresponding decrease in cell size, in the saturated
substructure of polycrystalline copper, with increasing strain range. Furthermore, this
cell size change was observed to be reversible with change in the strain level, Feltner
and Laird,[1967]. The cell size increases with an increase in temperature.

With low strain amplitudes, loops and dipoles of dislocations form instead of a cell
structure. Klesnil and Lukas,[1980] produced microstructures of polycrystalline iron
during the transition period when cycled at low cyclic strain amplitudes. Within 10
cycles an abundance of dislocations were observed throughout the material which was
almost dislocation free at the test onset. After 200 cycles the dislocations were assembled
in dense bands around areas which contained the occasional string of dislocations and
some small dislocation loops. After 2000 cycles, 0.2% of the fatigue life, saturation
stress was reached and the bands of dislocations were greater in density while the area
between the bands contained less dislocations. Furthermore polycrystalline copper cycled
in the low strain amplitude region also exhibited irregular bands of dislocations with
relatively dislocation free areas in between. This phenomena is observed in Figure 2.1.9
for high stacking fault energy metals at low strain amplitudes. With an increase in strain
amplitude the density of the dislocations within the bands increases and with further
increase in strain a cell structure develops. Cell structures that develop under high strain
cycling cannot be reversed to a sub-structure of loops and dipoles, even if the cyclic
strain amplitude is significantly reduced.

Some confusion exists over the microstructure development of fcc polycrystals such as
Type 316L austenitic stainless steel which has been identified to have a the stacking fault
energy which is in a critical region, between 20 and 30 mJ/m?, [Magnin et al.,1989].
Persistent slip bands do not form in materials with lower stacking fault energies.
Persistent slip bands of dislocations have been observed in 316L polycrystals while a
more planar slip of dislocation bundles were observed in 316L with an increased volume
of nitrogen, [Magnin et al.,1989]. When deformation amplitudes and the number of
applied cycles are low the dislocations appear in planar arrays. While at high strain
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amplitudes and with increasing numbers of cycles the planar arrays are transformed into
well-defined veins and cells, [Lieurade et al.,1986]. A memory effect was observed
when the dislocation twins formed at high strain remained in the microstructure even
when the material was cycled at lower strains which correspond to typical planar-array
dislocation microstructures. However when cycled from a period at low strain to a
period at high strain the dislocation tangles transformed to veins, cells and dislocation
twins, [Lieurade et al.,1986].

In comparison, with bcc single crystals of 26Cr-1Mo-4Ni ferritic steel, labyrinth and
wall structures of dislocations developed through cyclic hardening while the polycrystal
26Cr-1Mo-4Ni ferritic steel developed a wall structure of dislocations throughout the
specimen, [Magnin et al.,1989]. No persistent slip bands of dislocations developed and it
was tentatively concluded that, in the ferritic steel, plastic activity in the grains is fairly
uniform throughout the specimen.

The development of dislocation bundles and bands in 316L austenitic stainless steel is
typical of the saturation microstructure of planar slip materials, which have a low
stacking fault energy, at all strain amplitudes, as shown in Figure 2.1.9. Similarly,
Klesnil and Lukas,[1980], observed planar arrays of dislocations in the saturated
structure of a-brass which were cycled from the annealed state at low strain amplitudes
while Feltner and Laird,[1967], observed bands of dislocations with a lower density of
faults and dislocations between the bands of Cu-7.5%Al which were cycled from the
annealed state at a higher strain range. The planar array of dislocations are formed
because the dislocations are restricted to the primary plane due to the difficult cross slip
mechanism. Therefore planar slip materials cannot form bands or walls no matter the
magnitude of the strain amplitude. Although Lukas and Klesnil,[1973], could not find
any change in the substructure of o-brass with a change in the strain amplitude,
Grosskreutz stated that the density of the bands of dislocations increases with the
increasing plastic strain amplitude. This increase in number of bands and the
corresponding decrease in band spacing has been observed in Cu-7.5%Al by Laird and
Feltner,[1967]. Increasing the temperature of cycling increases the band spacing in
planar slip materials while the density of dislocation bundles and bands increases as the
plastic strain amplitude increases.

Cyclic softening is a common occurrence during the transition period of a material which
has been hardened through a pre-testing process such as cold-working. During cold-
working the sample is strained to a desired reduction in area under a tensile or a
torsional load. Reversed plastic strain is required to move dislocations, decrease
dislocation densities thus decrease the stress required to maintain the same amplitude of
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plastic strain.

Following cold-working, hardened wavy-slip metals display a cell structure with a high
density of dislocations in the cell walls and a lower density of dislocations within the
actual cells, as observed in 20% cold-worked Cu by Lukas and Klesnil,[1973]. During
cyclic softening the dislocations move, reducing the dislocation density in both the cells
and the cell walls. The cell walls appear sharper as the width of the walls decrease and
the size of the cells increase, as shown on 20% cold-worked Cu by Feltner and
Laird,[1967]. At saturation the cell size of annealed wavy-slip metals is almost identical
to that of the same metal after pre-deformation and cycling at the same strain amplitude.
Therefore the saturation stress amplitudes are the same. Feltner and Laird,[1967],
observed this with copper pre-strained to 23% however Lukas and Klesnil,[1973],
observed 30% and 40% pre-strained copper to retain the hardening effects with slightly
greater saturated stress levels over a range of low amplitude strain levels.

Following pre-strain, such that the material was 20% cold-worked, the dislocation
microstructure of the hardened material displayed small ill-defined cells and large
number of dislocation twins. During low strain amplitude cycling little change appeared,
however with increased cycling, at a total strain amplitude of 1.8%, larger well defined
cells developed, [Lieurade et al.,1986].

With the planar slip alloys, a-brass and Cu-7.5%Al, the greater the percentage cold-
work the greater is the saturation stress. At each plastic strain amplitude the saturation
stress is always lower for the material originally in the annealed condition than it is for
the same material originally cold-worked. Observations have been made of the
corresponding microstructures. Following cold-working a planar slip material displays a
planar array of bands with a high density of dislocations. Cycling does not change the
structure, it merely decreases the density of dislocations within the bands, although not
to the extent of the planar array of the annealed material following the same plastic strain
cycling.

Fatigue softening also occurs in materials which were hardened by methods other than
cold-working. Phase transformations may occur when quench-aged low-carbon steels are
plastically cycled, and small iron-carbide particles re-solute into the steel. Softening
occurs in a variety of precipitation hardened alloys. The precipitates harden the material
by creating obstacles for the dislocation slip. In some alloys the density of the particles is
low and the dislocations move freely thus cyclic softening occurs. When the density of
precipitate particles is great then the dislocations have to split through the particles and
reduce their physical size until the particles revert to solid solution. The speed of this
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process increases with plastic strain range. With a decrease in the density of precipitates,
the required stress amplitude to maintain the plastic strain decreases. This irreversible
softening was observed to occur along active slip planes during the cyclic loading of Fe-
C alloys which were previously quenched and aged, Feltner and Laird,[1967]. With
Type 316L an increased nitrogen content, 0.25 wt% N, reduced the dislocation
movement to such an extent that planar slip dislocation tangles formed during high strain
cycling. In contrast, cellular microstructures which were observed with lower nitrogen
contents, 0.8 wt% N, [Lieurade et al.,1986]. The pianar slip of dislocations to form the
tangled arrays requires greater stress amplitudes thus the greater magnitude of cyclic
hardening with high nitrogen content Type 316L steel.

In a vacuum and at room temperature, annealed Type 316L steel initially hardens
followed by a longer period of softening to failure except when cycled at higher strain
amplitudes, A€ >1%, [Gerland et al.,1989a]. At the lower strain ranges, A€,=0.12%,
the microstructure consisted of typically planar arrays of dislocation tangles and dipoles.
At a mid-strain range, A€ =0.4%, the microstructure consisted of a mixture of wavy-
slip dislocation patterns, such as cells, veins and labyrinths, and typical planar array
dislocation patterns such as microtwins, planar slip bands and dislocation tangles. At the
highest strain range, A€ =2%, the microstructure consisted of a mainly wavy-slip
dislocation patterns especially cells and wall channels. Similar proportions of dislocation
structures were observed with increasing cyclic strain ranges in air, [Gerland et
al.,1989a]. A series of vacuum tests at A€ =1% were stopped after a different number
of cycles corresponding to the end of primary hardening, end of softening thus the
beginning of the stress saturation period, failure in air and finally failure in a vacuum.
The findings from these tests concluded that the initial hardening promotes the formation
cells, wall channels and dislocation tangles. As cycling continues the percentage volume
of cells increase slightly while the greatest transformation is from dislocation tangles to
wall-channels. With further cycling the percentage of wall channels decreases while the
percentage of cells increase. At the later stages the cell walls are well defined with
condensed dislocation structures.

At 300°C a secondary hardening is observed in vacuum testing of Type 316L stainless
steel which is more extensive at lower cyclic strain amplitudes, [Gerland et al.,1989b].
The hardening continues to failure, well beyond the corresponding fatigue life in air, and
is typified at low strain ranges by alternate black and white bands, which are composed
of very small dislocation loops, in the microstructure. At higher strain ranges, these
bands are not so prominent and cell structures dominate the microstructure. The bands,
like the cells, are a very hard, stable structure which continue to develop up to the
beginning of failure softening and are responsible for the marked secondary hardening.
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When Type 316L in the solution annealed state is cycled in a vacuum at 600°C the
development of the microstructure and the corresponding hardening behaviour are
dependent on the cyclic strain amplitude. At low strains the stable microstructure is
never obtained as the material continuously hardens at a slow rate and only 20% of the
microstructure at failure displays a cellular structure. With higher strain amplitudes the
microstructure consists mainly of walls and labyrinths at saturation and cell structures at
failure. It is the transformation from walls to cells which requires the increased stress
amplitude and produces the secondary hardening effect.

At saturation of the hardening or softening process, nucleation of microcracks occurs. In
the majority of cases microcracks nucleate at a free surface. Examples of nucleation sites
are where fatigue slip bands intersect the surface, where grain boundaries intersect the
surface or in certain alloys where inclusion particles intersect the surface. Microcrack
nucleation can occur below the surface at regions of maximum shear stress due to
contact fatigue and the resultant fretting. However in all cases of near surface
deformation, it is the plastic strain concentration that controls the nucleation process of
microcracks. Nucleation at slip bands is very important as slip band formation often
precedes nucleation at grain boundaries or at surface inclusions. For each of the three
dislocation substructures which develop during the transition period, a distinctive
marking is produced during the saturation cycling which in turn promotes microcrack
nucleation.

With wavy-slip materials at low strain amplitude cycling the dislocation bundles form
into distinct ladders within persistent slip bands while surrounded by a substructure of
dislocation veins at the near surface. Dislocation motion within the bands produces
coarse slip markings on the surface during saturation cycling. The dislocation motion is
reversible within the bands however when the bands intersect the free surface the motion
is irreversible and results in deep extrusions and intrusions at the surface.

With wavy-slip materials at high strain amplitude cycling a cell structure is formed
within the bands which create a separate cell structure at the surface. Surface extrusions
and intrusions appear as crests and troughs at the intersection of the slip band and the
surface. Plastic strain concentrates at the bottom of the inclusions and microcracks
nucleate with continuous cycling.

The difficult slip process associated with planar slip metals requires the plastic strain
cycling to continue well into the saturation period for almost slip band like substructures
to develop and produce areas of shallow extrusions and intrusions on the surface. With
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increased plastic strain concentration at the deepest point of the inclusions microcrack
nucleation occurs. If a grain boundary intersects the surface at an area of slip band
surface relief then it is possible for intrusions to develop at the grain boundary and the
corresponding microcrack to nucleate within the grain boundary. Furthermore localised
slip can concentrate around surface breaking inclusion particles in certain alloys. Even at
stress levels too low to produce slip at inclusion free areas surface relief around
inclusions can result in microcrack nucleation at the site of maximum plastic strain.

With increasing temperature and corrosive environments, oxides form over the surface
breaking slip bands and can act to protect the metal or alternatively enhance microcrack
nucleation. If the applied stress is below the fracture stress of the oxides then the oxides
act as a protective cover and suppress the surface deformation. However upon cracking
of the oxides at a higher stress localised plasticity occurs in the metal surface at the
highly strained slip bands. Voids and surface scratches are also sites for microcrack
nucleation while fretting at joints can result in surface erosion and fatigue crack
nucleation due to the rubbing of the two surfaces.

Microcracks which grow beyond nucleation often coalesce and produce stage I
macrocracks which grow along the planes of maximum shear stress. This mechanism of
fatigue crack growth will be discussed at length in a later section. However as the plastic
strain amplitude has been identified as the controlling factor in fatigue crack initiation it
is of great importance to discuss the relationships developed, through strain cycling
analysis, which relate the plastic strain cycling to the fatigue life during the saturation
period.

2.1.4. Fatigue Life Relationships.

Following the transition period the majority of the fatigue life of a metal component is
spent in the saturation period until rapid final fracture. From the saturation hysteresis
loops, values of stress range, total strain range, plastic strain range and elastic strain
range are measured. Apart from cyclic stress/strain relations, values from the hysteresis
loops are often plotted against the number of cycles to failure from a series of
experiments on similar specimens to develop fatigue life plots.

Over the last twenty-five years, the cyclic stress/strain behaviour has generally been
obtained under cyclic strain control. Cyclic strain control is preferred to cyclic stress
control as it produces a greater approximation of the deformation within the plastic zone,
which in turn controls fatigue failure, [Coffin,1972]. However a small number of
investigations have performed experiments to describe the fatigue life behaviour of
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Types 316L and 316 stainless steel under cyclic stress control in the high cycle fatigue
range. The fatigue life of both Types 316L and 316 stainless steels increases with
decreasing stress amplitude at both 700°C and 800 C, [Driver,1971]. At both
temperatures the fatigue life of Type 316, at a given stress amplitude, is greater than that
of Type 316L at 800°C. The fatigue life decreases with increasing temperature until
2x107 cycles at which point an endurance limit was observed for Type 316 at both
temperatures and Type 316L at 700 C. At 800°C, Type 316 failed within 5x10¢ cycles
at the lowest stress amplitude of 40MPa. Endurance limits of 10® cycles were observed
in two different heats of Type 316 stainless steel over the temperature range of 20 C to
700°C, [Yoshida et al.,1977]. The material that had been annealed for 1 hour longer at
1100°C always failed at lower stress amplitudes over the entire test temperature range.
The stress amplitudes at which endurance occurred decreased with increasing test
temperature from 245MPa at 20" C to 139MPa at 700 C.

When experiments are performed under strain control, the resultant saturation plastic
strain range is plotted against the number of cycles to failure on a log-log scaled
diagram. The data is represented by a straight line. the equation of the line is known as
the Coffin-Manson equation;

Ag, =N, 2.1.11)

The exponent B is the slope of the line and is in the range of -0.5 to -0.7 for most
materials at room temperature and €, is the tensile ductility which corresponds to the
plastic strain range at N=1. Values of 8 and €’ were determined to describe the fatigue

life of annealed Type 316L in terms of the plastic strain amplitude, A€ /2, over a range
of temperatures, [Driver et al.,1988], and are presented in Table 2.1.2.

Temperature (" C) ef B
20 0.456 -0.542
300 0.6039 -0.582
600 0.2114 -0.5496

Table 2.1.2. Coefficients from Coffin-Manson Equation for Type 316L.

The Coffin-Manson equation was developed from experiments performed to 10° cycles.
However a major finding in the investigation of Coffin was the non-existence of an

25



endurance limit. In fact this investigation confirmed the earlier ideas of Bairstow that the
endurance limit is a natural elastic limit at which there is no reversed plastic flow. This
relationship has been confirmed by numerous investigators and by the mid 1960’s
Boettner, Laird and McEvily,[1965], had developed a relationship to describe the crack
growth rate, which was measured from striations on the fracture surface of highly
strained copper, with the corresponding plastic strain range;

2 ~2(a,) @112
The crack length is represented by 1 and N the number of cycles. When integrated
between the initial crack length and the final crack length and the corresponding number
of cycles to failure, the above equation produces the Coffin-Manson equation with 8
equal to 0.5. Thus the Coffin-Manson equation describes the plastic behaviour of a
material in the near vicinity of the crack tip and the reversed plastic strain amplitude is
the dominant factor in both the progression of a fatigue crack and in the resultant
fracture of a component. This should be expected since the process of fatigue failure is
controlled by the various stages of crack growth.

Driver et al.,[1988], observed microcrack initiation along slip bands in polycrystalline
Type 316L following fatigue at 20 C and 300°C, in both air and vacuum. Observations
were made on a scanning electron microscope, SEM, and revealed that many
microcracks initially follow intense slip bands across grain boundaries and after crossing
two or three grains either coalesce or arrest. The microcracks that coalesce and
propagate in a general direction normal to the applied stress. Crack propagation during
continuous cycling at temperatures below 450°C is generally transgranular, producing a
fracture surface with ductile striation patterns perpendicular to the direction of crack
growth, [Wareing and Vaughan,1979], [Yamaguchi et al.,1978].

In single crystals of Type 316L crack nucleation occurred in the slip bands which are
perpendicular to the applied stress at the surface, [Driver et al.,1988]. Microcracks
continued to propagate through the crystals by jumping from one slip band to another. A
similar crack jumping process occurred in the initial process of microcrack propagation
within the grains of the polycrystalline Type 316 stainless steel.

Significant differences in crack initiation and propagation occur at higher temperatures.

Driver et al.,[1988] observed crack initiation to be both transgranular and intergranular

in air at 600°C and purely intergranular in a vacuum. Crack propagation under

continuous cycling at 625°C produced creep voids along slip bands within the

predominantly ductile transgranular fracture surface of unirradiated, 20% cold work
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Type 316 stainless steel, [Grossbeck and Liu,1985]. Likewise, mixed intergranular voids
and transgranular striations were observed in the fracture surface of Type 316L which
had been aged for 2000 hours at 600" C prior to continuous cycling at 600" C, [Degallaix
et al.,1988]. The same material aged for 10000 hours at 600°C displayed a greater
quantity of intergranular crack propagation following identical cycling conditions. While
investigating the reduction in fatigue life of Type 316L at 600°C with increasing tensile
hold times, Clavel et al.,[1979], found that integranular damage was not only in the
vicinity of the advancing crack tip but was also in the bulk of the material. This process
of cracking before the crack, results in both the increased growth rate and the decreased
fatigue life associated with intergranular crack growth. Intergranular fracture, in Type
316L, must be considered as a creep damage phenomenon that takes place, at a
temperature above 450 C, during long tensile hold times in the fatigue cycle and not as
an environmental process of oxidation at the crack tip. Reduced fatigue lives in sodium
with increasing tensile hold times confirm this, [Ardellier,1981].

By the early 1970’s the improved testing machines and strain controlled specimen
instrumentation enabled Lukas, Klesnil and Polak,[1974], to show the Coffin-Manson
relationship to be true for both polycrystalline copper, o-brass and three carbon steels
over the high cycle, (10°-107 cycles), fatigue range. The high cycle fatigue data was
obtained through plastic strain controlled cycling at a high frequency of 80Hz. With each
of the materials an endurance limit appeared at 107 cycles when the plastic strain range
was 1x10+ for both the copper and the a-brass and 8x10s for the carbon steel. Klesnil
and Lukas,[1980], have tabulated stress and plastic strain fatigue limits for a number of
materials and has found that as the stress limits vary by a factor of 24 the plastic strain
range limits are always in the order of 104. Recently, Hatanaka and Fujimitsu,[1984],
have found a similar endurance limit in normalized medium carbon steel JIS S35C while
the straight line in a log-log plot Coffin-Manson law held for annealed copper up to
2x10r cycles at plastic strain range of 6x105. However with quenched then tempered
SCM 435 chromium-molybdenum alloy steel the plastic strain range diminished to 7x10+¢
at a fatigue life of only 105 cycles which corresponds to the stress based fatigue life. In
fact all of the fatigue data above 3x10* cycles, in Hatanaka’s review,[1990], was
generated under stress control which could result in higher or lower plastic strain ranges
due to cyclic softening or hardening. However an important observation that was made
for each of the previous three materials was that when the fatigue life was plotted against
the corresponding plastic, elastic and total strain ranges then total strain life was best
represented by the plastic strain up to a point, approximately 10¢ cycles and a plastic
strain range of 4x102, beyond which the elastic strain was a better representation.

This was observed with Type 316L over a wide range of temperatures, [Brun et
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al.,1976] and for 20% cold worked Type 316 stainless steel, [Manjoine and
Landerman,1982]. Type 316 stainless steel displayed similar fatigue life in both the 20%
cold worked and the annealed condition at both 20°C and 600°C, in terms of the total
strain range, [Plumbridge et al.,1980]. However in terms of the plastic strain range the
cold worked material displayed reduced fatigue lives at both temperatures. Although
explained as a softening effect this phenomenon was not clearly described due to the lack
of comparable data available. The lack of comparable data results from the differences in
test techniques from one investigation to another and due to the cast-to-cast variations in
Type 316 and Type 316L stainless steels.

The point on a Coffin-Manson plot were the plastic strain range equals the elastic strain
range is known as the transition fatigue life and is schematically displayed in Figure
2.1.10. At strain values higher than the transition point the failure is one of low cycle
fatigue, (LCF), which is characterised by high strain crack propagation. At strain values
lower than the transition point the failure is one of high cycle fatigue, (HCF), which is
characterised by a great number of cycles spent in crack nucleation while the resultant
crack growth is determined by linear elastic fracture mechanics. There is no set number
of cycles defined as the transition point however the low cycle fatigue regime is regarded
to be generally less than 50000 cycles for most ductile materials, Rice et al.,[1989].
From Figure 2.1.10 the elastic strain range over both the HCF and LCF regions is
represented by the number of cycles to failure using Basquin’s equation;

o
A, =-AEE - (Tf N (2.1.13)

while the plastic strain range is given in the Coffin-Manson equation. The representation
of fatigue life in terms of the total strain amplitude, (the sum of the elastic and plastic
strain), is of practical importance as the strain measurements taken from working
components are obtained in the form of total strain measurements. Using the following
equation;

AE, = AE, +AE, (2.1.14)

Manson and Hirschberg,[1965], developed the Universal Slopes Equation which related
the total strain range to the number of cycles to failure;

AE, = (3'51«:0:‘ )N;m (&))" vy 2.1.15)
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where the fatigue strength coefficient equals 3.5x the ultimate tensile stress and the
slopes for the elastic and plastic lines were given as -0.12 and -0.6 for all materials.
Recently, Manson and Muralidharan,[1988], have improved the Universal Slopes
Equation from the analysis of the fatigue life behaviour of 47 different materials;

A€, =|0.0266D% %[ P MN*"56 117 Ze o N;*® (2.1.16)
=0 5 E 17\ = P .1

where D is the ductility of the material and G, is the ultimate tensile strength of the
material. The advantages of the modified equation are improved estimates of fatigue life,
over the range 10-10¢ cycles, from data provided from static tensile tests and a lower
slope in the elastic fatigue life line produces longer fatigue life at very low strains.

2.1.5. Factors Effecting Fatigue Life.
2.1.5.1. Surface and Notch Effects.

Wareing and Vaughan,[1979], have identified the damaging effect of the surface finish
and the importance of time spent on crack initiation on the fatigue life of Type 316 at
400°C. Fatigue lives of finely electropolished specimens were found to exceed those of
specimens with either ground or turned surface finishes, by a factor of four. Crack
nucleation was limited to discrete sites on the electropolished surfaces while machined
surfaces displayed crack nucleation sites all around the test section.

The total strain based fatigue life equation is often used to determine the fatigue life of
working components, the geometry of which often contains grooves and shaped features
at which stress concentrates and the initiation of fatigue crack occurs. Originally stress
controlled fatigue testing of notched specimens revealed that the inclusion of a notch
decreased the fatigue life at the same stress range. Coles et al.,[1967], have shown a
similar behaviour when the fatigue life of umnotched and notched specimens were
compared with the total strain range. However they did observe that there was little
further reduction in fatigue endurance with increasing severity of notch geometry. The
severity of notch geometry was measured as the theoretical stress concentration factor
which was defined by Neuber,[1961], as;

k,=(kk,) = [(—f—)(%)ily 2.1.17)
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where;

k. is the strain concentration factor at the notch root,
k is the stress concentration factor at the notch root,

€, is the maximum local principal strain at the notch root,

O, is the maximum local principal stress at the notch root,

e, is the corresponding nominal, smooth specimen, strain, and
S, is the nominal smooth specimen stress.

Equation 2.1.16 may be used to determine notch root strains from the known
stress/strain behaviour of the material. Furthermore, Morrow et al.,[1969], further
developed Neuber’s rule to produce a relationship between the nominal stress range, AS,

and the notch root cyclic stress and strain ranges, AG and Ag, respectively,

quﬁ(,&g) (2.1.18)

k, is the theoretical fatigue concentration factor. Using a combination of the elastic
stress/strain rule and the cyclic stress/plastic strain equation, the total strain range can be
represented in terms of the stress range and substituted into equation 2.1.18 such that the
local stress range at the notch root is a function of the nominal stress range;

2

v,
(k’:E 5) —AEE +(A7f7) } (2.1.19)

Through a process of trial and error, the local stress range is calculated and substituted
into the equation for the total strain range;

AG (AGY"
AE, =—+| — 2.1.2

After the notch strain amplitude has been calculated the corresponding fatigue life may
be obtained from equation 2.1.15. Using a combination of equations 2.1.17 to 2.1.19
Stadnick and Morrow,[1972], found the fatigue life of unnotched specimens, of two
different aluminium alloys, which were cycled at an applied stress range identical to the
calculated notch stress range, to compare well with the resultant life of notched
specimens. In both investigations the similarity in results was observed for two different
load histories. In one of the load histories, a reversed overload, initially in tensile
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yielding, prior to smaller amplitude cycling produced a tensile residual stress at the notch
root and was detrimental to fatigue life. Conversely, a reversed compressive yielding
overload, before smaller amplitude cycling, produced a compressive residual stress at the
notch root which was beneficial to the fatigue life. Potter,[1973], confirmed these
findings with 2024-T4 aluminium alloy. From the early 1970’s elastic plastic finite
element analyses have been performed to determine the notch root stress and strains.
Mowbray and McConnelee,[1973], displayed a good agreement between notch root
strains calculated from an elastic-plastic finite element analysis with values measured
during fatigue experiments on three different steels. Comparisons with calculations,
which were made using the Neuber formula with a correction factor to account for the
biaxial plastic strains at the notch root, indicated that the theoretical method over-
predicted the notch root strains at stress levels beyond yielding. However for each of the
three steels a good comparison was made between the fatigue crack initiation life of
smooth and notched specimens and a stress-strain function instead of the plastic strain
range;

f(N)=(Eo,,¢,)* 2.1.21)

- where G, and €, are the maximum tensile stress and the strain amplitude during a
cycle, respectively. Although fatigue initiation life based on the plastic strain range
produced a reasonably good correlation the above mentioned function was favoured as it
takes into account the effects of the biaxial stress fields at the notch root and the mean
stress during zero-to-tension loading. James et al.,[1989], proposed a numerical
technique to determine plastic strains at the notch root which compared well with
calculations with plastic strains from a plain strain finite element analysis. The technique
produced acceptable predictions of fatigue crack initiation life from notched specimens
using a Coffin-Manson fit through smooth specimen data. Hatakana has also reviewed
notch and smooth specimen fatigue crack initiation and life plots and observed that a
better representation was obtained in terms of both equivalent stress and equivalent
plastic strain amplitudes than with the corresponding axial stress amplitudes. The
calculated axial stresses at the notch root were overestimated.

2.1.5.2. Time Dependent Effects on Fatigue Life.

Apart from mean stress and notch effects a number of well documented time dependent
factors exist which have an effect on the fatigue life of metals. Unfortunately most
fatigue life data exist in the format of Coffin-Manson equations and relate to LCF
conditions. Therefore to make a brief discussion of the various time dependent factors
which have an effect on the fatigue life of metals it is better to concentrate on the LCF
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region. In the following sections reference will be made to the HCF region whenever
appropriate information can be found or when known differences from the LCF region
occur.

Engineering components are subjected to fatigue loading over a wide range of
temperatures from the sub-zero temperatures of the Alaska pipeline to temperatures
beyond half of the melting point of the alloys as experienced in jet engines. Temperature
is one of the most important external parameters influencing fatigue life. Many reviews
have been written, [Coffin,1974, Lundberg and Sandstrom,1982, and White,1970],
which display the differences in fatigue life from experiments which were performed at
various constant temperatures. Below room temperature most of the data is from stress
controlled tests however the Coffin-Manson equation has been shown, [Coffin,1977], to
hold under LCF strain controlled conditions with a low carbon steel. From room
temperature to -125°C the relationship between plastic strain range and fatigue life was
temperature independent and was explained to be due to an absence of mechanism
changes with the decreasing temperature. This phenomenon is very important in the
fatigue life relationships at temperatures above room temperature.

The general effect of temperature is to cause a reduction in fatigue life with increasing
temperature. Berling and Slot,[1969], found this behaviour occurred for three austenitic
stainless steels, in the 300 series, at temperatures between 430°C and 816 C over a
plastic strain range of 0.2% to 3.0%. Edmunds and White,[1966], observed a similar
reduction in the fatigue life of 2%4Cr-1Mo steel at 600°C in comparison to the fatigue
life at room temperature. They regarded the fracture surface oxidation, observed on the
specimens tested at 600 C, to be the main cause of reduced fatigue life. Increasing the
test temperature led to reductions in the fatigue life for both polycrystalline and single
crystals of Type 316L, which were strained under identical cyclic strain amplitudes,
[Driver et al.,1988]. The decrease in fatigue life was not as great between 20°C and
300°C as it was at the higher temperatures of 450°C and 600°C, [Driver et al.,1988],
[Brun et al.,1976]. As the crack growth through single crystals is transgranular at all
temperatures, the increased crack growth, and subsequent decrease in fatigue life, can be
explained as an oxidation effect during both crack initiation and propagation, [Driver et
al.,1988]. This opinion was enhanced further by the increased and similar fatigue lives
of Type 316L, over a wide range of plastic strain amplitudes, at 20°C, 300°C and
600°C, in a vacuum in comparison with the fatigue life in air, [Driver et al.,1988]. A
similar increase in fatigue life was observed with Type 316L in sodium in comparison to
that in air at both 450°C and 600°C, especially at the lower plastic strain ranges,
[Ardellier,1981].
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Coffin,[1977], modelled this environmental effect on the plastic strain range/fatigue life
plot, (Fig. 2.1.11.) Coffin explained that the break in the slope of the A€ -N, plot, with
increasing temperature, represented a change in the mode of crack propagation. At low
temperatures the crack propagates transgranularly through the grains. At lower strains,
this is a time consuming process due to the large amount of energy required for a crack
to break across the grain boundaries. At high temperatures the crack propagates through
the grain boundaries which often include prime fracture sites such as precipitates. A
combination of precipitates and oxidation of the exposed crack tip surface with every
cycle promotes rapid crack growth. This intergranular crack growth leads to reduced
fatigue life. At high strains the crack growth is large enough at all temperatures to
revoke the effects of oxide-damage.

Degallaix et al.,[1988], observed that an increased in nitrogen content, up to 0.12 wt%,
produced an increase in fatigue life at both room temperature, [Vogt et al.,1984], and
600°C. The increased nitrogen content stabilized the austenite phase, decreases the
stacking fault energy and encouraged planar arrays of dislocations which required a
greater stress amplitude to form crack nucleation sites. In the same investigation, ageing
of the material at 600 C for 2000 and 10000 hours, before testing was found to be
detrimental on the fatigue life of the steel with both a low and a high nitrogen content.
Grain boundary precipitation and high stresses produced intergranular rupture and rapid
failure. However, at low strain amplitudes the increased nitrogen still increased the
fatigue life even in the longest aged material when tested at 600 C. Driver,[1971],
observed that increased carbide precipitates at grain boundaries increased the fatigue life,
at low cyclic stress amplitudes, by restricting grain boundary sliding and by preventing
crack growth through the grain boundaries.

The strong temperature dependence of the Coffin-Manson plots at high temperature
decreases when cycling is performed in a vacuum, [Coffin,1972], or an inert gas, [Wood
et al.,1977]. Figure 2.1.12 displays the removal of the temperature effect when the
austenitic stainless steel A286 was cycled in a vacuum at both room temperature and
593°C. In vacuum the fracture tended to be transgranular and the fracture surfaces at
both temperatures displayed no trace of oxides. In comparison with the results from the
tests performed in air at 593°C, the vacuum tests display an increase in fatigue life and a
decrease in the slope of the fatigue life plot. Wood et al. also observed an increase in
fatigue life with the removal of an oxidation environment for both a 9%Cr ferritic steel
at 525°C and type 316 steel tested at 625°C in a helium mixture.

Another factor which effects the fatigue life at high temperature and is displayed in Fig.
2.1.12 is the reduction in fatigue life with a decrease in the frequency of cycling. It is
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suggested that at lower test frequencies in air there is sufficient time for a localized
oxidation to occur at the crack tip, which, if the oxidation occurs adjacent to grain
boundaries, promotes the faster intergranular crack growth, [Coffin,1977]. The
numbered points on Fig. 2.1.12 indicate that the vacuum environment removes the
frequency sensitivity of fatigue life. Therefore fatigue at high temperature can be
regarded as a time-dependant process, such that the longer the time available for
oxidation to occur, the shorter the fatigue life. Coffin,[1972], took the high temperature
frequency effect into account by introducing the frequency, v, into the Coffin-Manson
equation;

A, =(&) (n, ) (2.1.22)
The fatigue effect at high temperature has been further incorporated into the original

universal slopes curve to produce an expression for the total strain fatigue life which
contains the frequency of cycling;

. ( ) - +(1- = -
AE, =3 SEO-“ (&)™ NG Jrciom gy J0-+] (2.1.23)

Other authors such as Kanazawa and Yoshida,[1973], prefer to describe the high

temperature time dependent fatigue life in terms of the strain rate, €, however as the
frequency and the strain rate are principally the same parameter related by the equation;

£=2(Ag)v (2.1.29)

They will be treated together. Kanawaza and Yoshida observed no strain rate dependence
of the fatigue life, for a given plastic strain range, of four austenitic stainless steels from
the 300 series at room temperature. However with increasing temperatures between
450°C and 800°C a decrease in strain rate produced a decrease in fatigue life, although
the magnitude of decrease in fatigue life was material dependent at all temperatures.
Therefore to describe the fatigue life of a material in terms of strain rate and total strain
range, using a combination of equations 2.1.23 and 2.1.24, would require a large
number of experiments at each temperature of interest to generate the coefficients of the
equation. Equation 2.1.23 can also describe the strain rate in terms of the time for one
cycle since the frequency is the inverse of the time to complete one cycle.

Varying the waveshape can also have an effect on the fatigue life. Numerous waveshapes
can be generated using the modern testing machines. In order to simulate some service
conditions which include a certain amount of creep fatigue interaction, a period of
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constant strain at either or both the maximum and minimum strain values, is introduced
in low cycle fatigue testing. Figure 2.1.13 displays four strain controlled cycles and the
corresponding hysteresis loops and stress relaxation cycles. During periods of constant
strain the stress relaxes and elastic strain transforms into plastic strain. Kanazawa and
Yoshida have observed that periods of constant strain at both the maximum tensile and
compressive strains during strain cycling produce similar fatigue life at corresponding
plastic strain ranges as the continuous cycle. This was observed with three austenitic
stainless steels at temperatures ranging from 450°C to 800°C. Both the continuous
cycling and the cycles containing 2.5 minutes of maximum tensile and compressive
strain were performed at the same high strain rate of 6.7x10?/sec. Yamaguchi and
Kanazawa,[1980], observed a decrease in the fatigue life of 316 steel at both 600°C and
700°C when the continuous cycling was at a lower strain rate of 6.7x10/sec, however
greater reductions were observed when the waveshape was altered to include a slow
tensile part followed by a fast compressive part and also when the cycle contained hold
times at maximum strain only. In each of these cycles the resultant crack growth was
intergranular in nature while the later two cycles produced extensive interior grain
boundary microcracks especially at triple points.

Yoshida et al., [1977], observed a decrease in fatigue life of Type 316 stainless steel
with decreasing rate of applied cyclic strain at tests temperatures above 450" C. At room
temperature and 450 C the fracture mode was transgranular with clear striation patterns,
[Yamaguchi et al.,1978), while at 600°C and a high strain range, 2%, the fracture mode
was mainly intergranular. The decrease in fatigue life at 450°C was due to a mechanical
effect of cyclic hardening depending on the strain rate while the decreased fatigue life at
600°C was due to the increased crack initiation and propagation of an environment-
creep-fatigue interaction. Similar decreases in the fatigue life of Type 316L were
observed by Ardellier,[1981], at 600°C with increasing tensile dwell periods, although
the magnitude of the degradation was reduced when the hold time tests were performed
in a non-oxidising environment, liquid sodium. Jaske et al.,[1973], also observed a
decrease in fatigue life of Type 316 with increasing tensile hold times, 0 to 10 hours, at
both 566 C and 649°C while compressive hold periods or combined tensile and
compressive hold periods during the cycle had little effect on the cyclic life.

Cycles containing a fast tensile part and a slow compressive part displayed similar
fatigue life to continuous cycling, which in conjunction with the findings of Kanazawa
and Yoshida, display that periods of compressive strain help to deter fatigue crack
growth in austenitic stainless steels. The simple explanation of these findings is that at
constant levels of high plastic strain the length of time at which the crack is opened is
long enough for creep damage and oxidation of the crack tip to occur. Conversely
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periods of constant levels of compressive strain prevent oxidation and creep damage
occurring and can cancel the effects of previous periods of constant tensile strain.
Surprisingly, Udoguchi et al.,[1973], have observed decreasing fatigue life when a
1%Cr-0.2%Mo steel has been cycled with increasing lengths of hold time at both the
maximum tensile and the compressive strains at 550°C. Clearly, the effect of waveshape
on fatigue life is material dependent.

Consideration of the idea that creep damage is the governing factor which produces the
drastic failure of materials under cyclic loading with tensile hold times at high
temperatures has been investigated in a number of apparently non-oxidising
environments. White,[1970], observed a decrease in the fatigue life of 2%Mo steel
cycled in a vacuum at 500°C with 30 minutes hold times in comparison with continuous
cycling. Furthermore, a greater reduction in the fatigue life was observed when the
material was cycled with hold times in air. Therefore it was suggested that the oxidation
at the crack tip, during the creep-fatigue loading in air, had a greater effect on the
endurance of the material than purely creep-fatigue loading. While Wood et al.,[1977],
observed identical fatigue endurance of type 316 steel when cycled in both air and a
helium mixture at 625°C with tensile hold times. The length of hold times was thought
to be long enough for oxidation to occur in each case, as fractographs of the fracture
surfaces revealed. Ardellier,[1981], found reduced fatigue life of 316L stainless steel
when cycled in air with increasing hold times between zero and 100 minutes in
comparison with similar cycling, also at 600°C, in a sodium environment. The fatigue
life decreased with increasing tensile hold times in both environments although the
increased fatigue life in sodium, in comparison to that in air, was attributed to the lower
oxidization rate in sodium. However periods of maximum compressive strain during the
fatigue cycle also decrease the fatigue life as observed by Lord and Coffin,[1973], with
the nickel based super alloy Rene 80 at 817 C. Continuous cycling and cycling with
equal hold periods produced similar fatigue life while strain cycles with tensile hold
periods were beneficial to fatigue life. The decrease in fatigue life at compression hold
periods was due to the tensile mean stress resulting from stress relaxation at the hold
period. At 817°C, the transition fatigue life of Rene 80 was very low, about 100 cycles,
while the experiments performed all lasted longer than 170 cycles. Therefore they were
all performed at strain levels in which the elastic strain was greater than the plastic strain
and the resultant mean stresses from the stress relaxation had a dominant effect.
Similarly compressive mean stresses at the tensile hold periods helped to deter fatigue
crack propagation.
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2.1.5.3. Irradiation Effects on Fatigue Life.

A further important factor which may have an effect on the fatigue life of nuclear reactor
components is the effect of irradiation on the material behaviour. Grossbeck and
Liu,[1981, 1982, 1985], have carried out a number of investigations into the fatigue life
of type 316 steel in both the cold worked and the irradiated form at a range of
temperatures from 430°C to 650°C. The results displayed a decrease in fatigue life of
the irradiated material at 430°C by a factor of 3 to 10 in comparison with the cold
worked material. Two possible reasons for the decrease in fatigue life were enhanced
precipitation of the carbide phases and formation of helium bubbles along the slip bands.
Further studies at both 550°C and 650°C displayed similar fatigue life to the
corresponding tests on cold-worked material and no trace of helium embrittlement.
Therefore the results at 430°C were explained to be due to fracture of carbide phases
precipitates on slip bands resulting from the cold-work rather than irradiation induced
embrittlement. However Brinkman and Korth,[1974], observed tensile hold times to
decrease the fatigue life of type 316 steel specimens at 593°C with intergranular fatigue
cracking while further decrease in fatigue life of material that was previous irradiated
and then cycled with tensile hold times indicated that irradiation induced damage had an
effect on the fatigue life. Vandermeulen et al.,[1988], found a slight decrease in the
fatigue life of solution annealed 316L when tested at 430°C following irradiation
exposure in comparison to the same material unirradiated. A decrease in the frequency
of the strain cycling from 0.5Hz to 0.005Hz had little effect on both the unirradiated and
the irradiated material.

2.1.5.4. Combined Thermal/Mechanical Cycling Effects on Fatigue Life.

An important variation on the strain controlled cycle which has relevance in many
industries, including the power generation industry and the aero-industry, is the addition
of thermal cycles to the mechanical cycle or thermal cycles only with the specimen either
fixed or free to expand. When thermal strain cycles are performed with mechanical
strain cycles such that the maximum temperature corresponds to the maximum
mechanical strain the process is termed in-phase thermo-mechanical fatigue, (TMF).
Conversely out-of-phase TMF cycles are performed when the minimum temperature
occurs at the maximum mechanical strain. Jaske and Leis,[1979], have clearly described
methods of performing both in-phase and out-of-phase TMF, using an induction heating
system for rapid heating, internal water cooling for thin-walled tubular specimens or
forced air cooling for solid specimens combined with mechanical strain control as in
LCEF tests. It would be very useful for the design engineer to describe the endurance of a
TMF test on the same diagram as the fatigue life during LCF tests, however the effects
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of combined temperature and strain cycling on the fatigue life of a component are
varied. Laboratory experiments have shown that lifetime under conditions of TMF is
dependent on a number of factors including, the material, the temperature range, the
mean temperature, the waveshape and the length of hold times at both maximum
temperature and strain. The material aspect has been covered in reviews such as those by
Skelton,[1983], and Lundberg and Sandstrom,[1982], who have discussed that while the
fatigue life of austenitic stainless steels is severely reduced when tested under in-phase
TMF conditions, where high temperature effects combine with tensile loading,
superalloys such as IN 738, experience equally damaging effects under conditions of
both in-phase and out-of-phase TMF. Out-of-phase cycling would be expected to cause
the greatest reduction in fatigue life, as found in AISI 1010 steel, [Jaske and Leis,1979],
due to the combined tensile strains at both minimum temperature, (maximum thermal
strain), and maximum mechanical strain, however Degallaix et al.,[1990], have found
similar fatigue lifetimes for 316L stainless steel with out-of-phase cycling between
150°C and 500°C and isothermal LCF tests at 500 C. Furthermore Jones, Bourcier and
Van Avyle,[1988], found reduced fatigue life for both type 316 stainless steel and Alloy
800 under both in-phase and out-of-phase TMF with temperatures cycled between 360°C
and 649°C in comparison with isothermal tests at 649°C. With both steels, all out-of-
phase cycling produced striation patterns on the fracture surfaces while in-phase cycling
produced mixed mode intergranular and transgranular crack growth featuring cleanly
split grains separated by ductile tearing with void formation.

Another effect which has been observed to decrease the fatigue life is to increase both
the range of the cyclic temperatures and the mean temperature by increasing both the
minimum and the maximum temperatures, Fig 2.1.14. Kawamoto et al.,[1966], have
shown that the induced creep effects of a combined maximum tensile stress and
increasing maximum temperature of a TMF cycle lead to greater reductions in the
fatigue strength of 18Cr-10Ni steel. It appears that comparisons between the isothermal
Coffin-Manson law and TMF fatigue life have to be considered separately for each
material under the conditions of interest.

Crack growth rates during thermal fatigue have been calculated from the striations on the
fracture surfaces of 12%Cr-Mo-V-W steel and low alloy Cr-Mo cast steel by Okazaki
and Koizumi,[1983]. Similar crack growth rates were calculated for a number of notched
specimens of the 12%Cr-Mo-V-W steel which were cycled out-of-phase between 300" C
and 550°C and 350°C and 600°C at several strain ranges. Similar crack growth rates
were also calculated for the Cr-Mo steel which was cycled in-phase and out-of-phase
between 300°C and 550°C. In each case crack growth was transgranular with striation
patterns on the fracture surface. Jones, Bourcier and Van Avyle,[1988], found crack
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growth rate during out-of-phase TMF cycling of 316 stainless steel to be less than that of
isothermal cycling at the maximum temperature and concluded that the decrease in the
corresponding TMF life with respect to the isothermal fatigue life was due to the damage
cause by TMF during initiation.

Further reductions in TMF life are observed when periods of maximum tensile or
compressive strain hold are introduced into the TMF cycle. Jones, Bourcier and Van
Avyle,[1988], introduced periods of 5 minutes maximum or minimum temperature into
the thermal cycling of a constrained Alloy 800 specimen which resulted in compressive
or tensile hold times in the out-of-phase TMF cycling. The samples cycled with the 5
minute maximum temperature, compressive hold period showed the shortest cycle lives.
Cracking was transgranular with the formation of a clear striation pattern. The decrease
in endurance was explained due to the development of large tensile mean stresses
following gross stress relaxation at the high temperature compressive hold time. Hold
time effects during in-phase cycling of Type 304 stainless steel were investigated by
Westwood,[1979], who incorporated tensile strain hold times at the maximum
temperature during cycling between 350°C and 700°C. Specimens which experienced
TMF with a one hour hold period failed due to intergranular cracking.

2.1.5.5. Thermal Cycling Effects on Fatigue Life.

The difficulties in assessing the failure of components under thermo-mechanical fatigue
conditions are further complicated when the temperature and the resultant stress field
varies through the thickness of the material. This situation often occurs in components
within jet engines, gas cooled reactors, and other components which are subjected to
thermal cycling. It is impractical to perform realistic tests on working components which
are subjected to in-service thermal fatigue due to both the physical dimensions of the
components and the time between each cycle, therefore a number of different methods to
develop similar thermal stresses within practical size specimens have been developed.
Thermal fatigue tests are often performed as repeated thermal shock tests in which
unconstrained specimens are heated to a uniform temperature then one face of the
specimen is subjected to rapid cooling or one face of the specimen is rapidly heated and
then the whole specimen is immersed in a cooling medium. In each case a temperature
gradient is developed through the thickness of the specimen which results in a complex
thermal stress field which varies with depth and time. For aero-engine and high
temperature turbine applications thermal shock tests are performed on double-edge
wedge or tapered disk specimens of nickel based super-alloys, Marchand, Dorner and
Iischner,[1988], or cobalt based superalloys, Mowbray and Trantina,[1978], while
investigations into the thermal shock behaviour of heat-exchangers and components for
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power stations are often performed on steel plates, Newton,[1976], Bethge et al.,[1988],
Marsh,[1981], or cylindrical tubes of stainless steels and other iron based alloys,
Skelton,[1990], and Burlet et al.,[1989].

In general, thermal shock tests are performed as a repeated thermal cycle which may
vary depending on the application that the thermal shock test is attempting to model. An
upshock is a combination of rapid heating of one surface of a specimen until the
temperature is uniform throughout the specimen followed by a longer period of cooling.
Similarly a downshock is obtained by rapidly cooling one surface of a specimen which
has been at a uniform high temperature. The length of time spent in heating and cooling
is varied depending on the application that the test is intended to model. Mowbray and
Trantina,[1978], have performed alternate heating and cooling shock tests, to model the
start-up and shutdown experience of high temperature turbine components, by immersing
tapered disk specimens of the cobalt based alloy FSX 414 into fluidized baths which
were either at a minimum temperature of 21°C or a maximum temperature between
816°C and 1038°C. Downshock tests were performed on 2% %Cr-1%Mo steel plates,
[Newton,1976], to simulate the effects of cleaning the heavy soot deposits from boiler’s
superheater tubes, within coal fire burners, by firing waterjets at the tubes which are at
operating temperatures above 500°C and working pressures above 10MPa. An
increasing number and depth of cracks were observed to grow with increasing original
temperature, from the quenched face of plate specimens. Bethge et al.,[1988], found
cracks to grow from a machined notch within the face of a plate of reactor vessel steel
which was quenched to simulate the shutdown or possible accident conditions as
experienced within parts of the pressure vessel and the piping system of a light water
reactor. Similarly Marsh,[1981], investigated the effects of shutdown cooling on the
structural components above the core of a liquid metal fast reactor by quenching the
faces of Type 316 and 304 austenitic stainless steel plates from various temperatures
between 500°C and 250°C for differing durations resulting in a range of minimum
temperatures. Other investigations have been performed to observe thermal fatigue crack
growth in plates of 316L steel over a wide range of temperatures, [Shimizu et al.,1983].

A number of investigations into the effects of start-up and shutdowns on the components
within power plants, such as valve chests, turbine casings and rotors, have involved
downshock testing of cylindrical components. Skelton and Nix,[1987], observed multiple
crack initiation in the bore of ferritic and austenitic steel cylinders following water
quenching of the internal surface from a uniform temperature of 550°C. Metallurgical
inspection revealed that the crack propagation was transgranular with clear striation
patterns beyond the region of initiation. The striation spacing indicated a short period of
crack acceleration to a peak followed by deceleration as the crack grew towards the
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centre of the tube. The decrease in the elastic stress gradient from the bore was
calculated in the equation;

o= EaT-1,) (2.1.25)
1-v,

were E is the modulus of elasticity, o is the coefficient of thermal expansion, T is the
temperature at a point radius, Tyy is the volume average temperature and v, is Poisson’s
ratio. Skelton and Miles,[1984], also used high frequency induction heating to obtain a
uniform temperature of 550 C before quenching the bore of %4Cr-Mo-V steel cylinders
and found the pre-test heat treatment and the resultant microstructure to have a large
effect on the endurance of the material. Similar to the findings of Skelton and Nix, the
as received material displayed craze crack initiation from the quenched bore and
subsequent transgranular crack growth which was observed to arrest before reaching half
the thickness. However the tests were terminated before the crack was long enough to be
detected from the external surface using the potential drop technique. This technique of
monitoring crack growth during an experiment will be discussed in greater detail in
section 2.2.5. When the ferritic steel had been quenched and tempered before thermal
cycling the microstructure consisted of large and coarse grains which promoted crack
growth to % of the thickness from multiple cracks initiated at the bore while a
circumferential crack was observed to grow through the thickness of the two specimens
each of which contained an internal circumferential semicircular notch, from which the
cracks initiated. Calculations of the stress gradient identified the small region of yielding
at the internal surface, a portion of which would be subjected to reversed plastic
straining throughout the test while the remainder towards the external surface would
shakedown from yielding during the initial shock to cyclic elastic straining.

This phenomena of yielding over a small region from the shocked surface was observed
when Burlet et al.,[1989], subjected internally water-cooled 2% %Cr-1%Mo steel
cylinders to external surface upshocks, between room temperature and 600°C in 10
seconds, using an induction heating system. The crack growth rate from machined
notches on the external surface was calculated using the interrupted test technique and
the resultant fracture surfaces displayed a transgranular mode of fracture with an oxide
coating which obscured the striation patterns. The equivalent plastic strain through the
thickness of an unnotched cylinder, Fig. 2.1.15, was calculated from an elastic-plastic
thermal-strain finite element analysis. The analysis indicated that the crack growth rate
decreased as the crack grew from the cyclic plastic zone into the elastic domain in the
middle of the cylinder. However the stress concentrating effect of a notch was neglected.
This effect has been calculated by Kussmaul and Stegmeyer,[1989], to influence the

cyclic strain up to the centre of an externally notched thick-walled cylinder when
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subjected to thermal upshocks at the notched surface. The presence of the notch also
increased the plastic deformation at the internal surface. Furthermore care had to be
taken in the choice of elastic modulus, coefficient of thermal expansion, and the strain
hardening rule for the material characteristics which were used in the finite element
analysis. Using values corresponding to the average temperature of the thermal cycle
resulted in underestimation of the calculated strains. However taking into account the
hardening, yielding and equivalent strain at the notch tip enabled comparisons to be
made between the number of cycles required to initiate a crack to a length of 1mm over
a range of thermal strains and mechanical strains in axially loaded experiments at the
maximum temperature of the thermal cycle.

The effects of hold periods at the maximum and/or minimum temperature during a
thermal cycle have been investigated with regards to both the initiation of cracks from
notches and the resultant crack propagation. Love and Hoddinott,[1983], found
endurance limits to initiation, during thermal cycles with hold times below ten minutes at
high strains, to compare well with the total strain initiation life relationship for uniaxial
cycling at the maximum temperature of the thermal cycle, 625°C, of type 316 stainless
steel. With increased hold times, one hour at 625" C during upshock testing, the number
of cycles to initiation decreased and the crack growth was observed to be intergranular
with a single longitudinal crack growing to % of the 20mm cylinder thickness. This
increase in crack growth was explained as an effect of the concentration of bending
stresses at the crack tip or local overheating due to the radio frequency current being
diverted by the presence of the crack. However, Cordwell,[1990], has also observed
increased crack growth rates with maximum temperature hold times during the upshocks
of type 316 stainless steel. The faster growing intergranular cracks were observed to
follow grain boundary ferrite stringers due to both the reduced energy required to
propagate the crack through the weak matrix/stringer interface and because the straight
grain boundaries of the stringers would allow propagation without the energy consuming
meandering of the crack.

It is likely that components which are subjected to thermal cycling may also be subjected
to end loads, due to constraints on longitudinal expansion from joining components, or
the induced hoop stresses from pressurized fluids which are flowing through the
components. Both Skelton,[1983], and Shimizu et al.,[1983], have observed that
increasing tensile end stresses tends to increase the crack growth rate, on a plane
perpendicular to the end stress, during downshock thermal cycling of type 316 stainless
steel. Although multiple cracks, in the axial plane, initiated from the quenched bore of a
cylinder they all arrested before reaching half way through the thickness regardless of
the end stress, which was applied in the axial direction. However within the same
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specimen a circumferential crack was observed to propagate, perpendicular to the
applied end stress of 60MPa, and penetrate through the thickness of the cylinder in
32,000 thermal cycles. The cracking was transgranular, indicating that the induced mean
stress prevented the crack from arresting, while the thermal cycles controlled the fatigue
crack growth. However Shimizu et al.,[1983], showed that the crack growth rate in
downshocks from 860°C with an end stress of 38MPa compared well with the
corresponding creep crack growth rates, beyond the initial creep damage accumulation
period, at 860°C. Unfortunately no indication was given to the mode of the fracture,
however it must be stated that as the specimen had been held at such a high temperature,
in order to obtain a uniform temperature before cooling, then the possibility of creep
damage occurring must be considerably large.

Before discussing the methods used to analyse the crack growth rate through the complex
strain gradients which are developed in thermal fatigue it is worthwhile to review the
study of fracture mechanics and the methods of determining the behaviour of metals in
relation to the study of fatigue crack growth under mechanical loading. The resultant
relationships can then be applied to describe the fatigue crack growth under thermal
cyclic loading.
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Figure 2.1.5. Hysteresis Loop Parameters, (after Rice et al.,[1989]).
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2.2. Fatigue Crack Growth.
2.2.1. Linear Elastic Fracture Mechanics, (LEFM).

Failure of a component due to fatigue loading arises from a combination of initial
changes in the microstructure of the material, followed by crack initiation, followed by
crack propagation then final fracture. The last fatigue cycle before failure was identified
to be the same as the complete fracture of a body due to the presence of a crack which
was subjected to a critical load, [Griffith, 1921]. The mechanics of the fracture process
contribute greatly to fatigue failure. '

If a homogeneous body containing a sharp crack of length 2a, (Fig.2.2.1), is loaded by
external forces then the elastic solutions of the stress tensor at the crack tip is expressed
in terms of the polar co-ordinates r and 6;

o, =r %K, £} (6)+ K, ] () + K 1" (6)] (2.2.1)

The stress intensity factors K, K, K, are function of the crack length, geometry of the
body and the geometry of the external forces. It is possible for the crack to fracture the
material in one or a combination of three modes, Fig. 2.2.2, depending on whether the
load is tensile, (mode I), shearing, (mode II), or anti-plane shearing which is often
termed as tearing, (mode III). The non-dimensional f; functions in equation 2.2.1 depend
solely on 6. Assuming that the load is of a magnitude such that the material behaves in a
fully elastic manner then linear elastic fracture mechanics, (LEFM), can be used to
characterise the crack tip stress field. The principles of LEFM are discussed here
assuming that the body is subjected to tensile, mode I, loading with a more complete
study of the subject being given by Knott,[1973]. The stresses near the tip of a crack can
be represented as indicated in equations 2.2.2a-c, which are based on the co-ordinate
system shown in Figure 2.2.3.

ze‘/{;’;cosg(l—singsin%g)h. (2.2.2a)
o,= le(f_mcosg(1+singsin§29)+... (2.2.2b)
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K, 6. 6 30
= —sin —cos—+... 2.2.2
Ty Tom 0052 sin 2 co 5 ( c)
7,=71,=0,=0 for plane stress, o, :(O'x + O'y) v, for plane strain.

These equations display that the stresses around the crack tip are characterized by K. To
describe the stresses further away from the crack tip, additional terms relating to the
distance from the crack tip, r, must be included, however near the crack tip the r*
parameter holds. When the body in Figure 2.2.1 is loaded by a remote external stress,
C,, which is perpendicular to the crack plane, then the stress intensity factor is given by
the expression;

K, = G, \2{a+r) (2.2.3)

r—0

Stress intensity values are normally calculated for standard specimens such as finite
centre-notched specimens, three-point bend specimens and compact tension specimens,
Figure 2.2.4, [Clark,1971] for which stress intensity calculations can be made using
standard procedures, [ASTM E647,1988], and fracture mechanics handbooks, [Rooke
and Cartwright, 1976}, [Tada et al.,1985]}, which also contain geometry factors for some
typical component crack-type geometries. In the purely elastic case, the stress intensity
factor is used to describe the crack propagation rate. However, in reality, a zone of
plastic deformation occurs at the crack tip. The size of this plastic zone is determined
using an elastic-plastic solution.

2.2.2. Elastic-Plastic Solution.

The plastic zone is a region at the crack tip in which the local stress is greater than the

yield stress of the material, G,,. If the plastic zone size is large enough then it can have
an effect on the stress distribution within the elastically loaded material adjacent to the
plastic zone. However, when the plastic zone size is small in comparison to both the
crack length and the dimensions of the bbdy then the stress distribution further away
from the crack tip is identical to the elastic solution. This is termed as small scale
yielding.

In equation 2.2.1 it was shown that the crack tip stress state is three dimensional.
Considering an ideal elastic-plastic material as a material that behaves elastically at

stresses up to O, beyond which it yields without hardening, then the Von Mises
criterion states that the material yields when the equivalent stress equals G ;

59



c,>2%(0,- 0. +(0,-0.) +(0,- 5 | 2.2.4)

3 1

C,, 0,, and G, are the principal components of stress and are derived from equations
2.2.2(a-c) in the form;

o, = K,(Zm‘)% cosg(1+sin g) (2.2.5a3)

o, =K,2mw)* cosg(l—sin 56) (2.2.5b)
o,=K,(2m)"*2 up(cos-zg) for plane strain (2.2.5¢)
0,=0 for plane stress (2.2.5d)

Combining equations 2.2.4 and 2.2.5(a-d) gives the plastic zone size, r,, in terms of the
polar angle 0, for conditions of plane stress and plane strain respectively;

r :i(ﬁ) cosz(g)(l+3sin2(g)) (2.2.6a)
7 2zx\ o, 2 2 '
r, = —1-(5’—) cosz(g)(l+35in2(§)—4up(l— up)) (2.2.6b)
27\ o, 2 2

The component of stress perpendicular to a free surface is zero, therefore plane stress
conditions prevail at the crack tip on the surface of the body. However, at the crack tip
in the centre of the body plane strain conditions dominate. The differences are observed
in the change in shape of the plastic zone from the external surface through to the centre
and on to the opposite surface of a thick body, Figure 2.2.5. The values of plastic zone
size along the direction of the propagating crack, 6=0, for conditions of plane stress and
plane strain respectively are expressed as;
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r,=— ESS (2.2.7a)
7 2#\ O,
( 2
1 K,\ 2
=—|—+]l1-2 2.2.7b
b= o) 120 (2:2.7b)

For v,=0.3, equations 2.2.7(a-b) calculate the plane stress plastic zone size to be greater
than the plane strain plastic zone size by a factor of 6.25. However, the general
approximation is that the plane strain plastic zone in the direction of crack propagation is
173 of the plane stress plastic zone, [Klesnil and Lukas,1980], [Tada et al.,1985].
Therefore it is desirable to calculate the stress intensity values using thick specimens to
assure that a large proportion of the crack front is under plane strain loading.
Recommended ratios of specimen width to thickness are given in the standard testing
procedures, [ASTM E399,1978]. Considering the applied stress to be in the region of
half of the yield stress, or smaller, then:

1
r, <—
Y 6rx

[O.SJE] 2.2.8)

2

Therefore the plastic zone radius is less than one hundredth of the crack depth and maybe
neglected. However at higher applied stresses the plasticity at the crack tip causes
redistribution of the stress within the elastically loaded region to maintain equilibrium. It
was observed that equilibrium could be satisfied by advancing the origin of the co-
ordinates, (r,0), in Figure 2.2.3 ahead of the crack tip and into the plastic zone,

[Irwin,1960]. An effective crack size of a-+r, is often used as a correction, [Tada et
al.,1985].

2.2.2.1. Application of LEFM to Fatigue Failure.

The range of stress intensity factor, AK, upon cyclic loading is described in terms of the
applied stress range, AG;

AK =YAovm =K_ -K_ 2.2.9)

min

where Y is a specimen geometry dependent factor.

Paris and Erodogan,[1963], showed the rate of fatigue crack growth to be related to the

range of stress intensity factor for two aluminium alloys. This has become known as the
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Paris Law of fatigue crack growth;

= =C(AK)" (2.2.10)

where C and m are material constants which are obtained by experiment, da is the
change in crack depth during a corresponding increase in the number of cycles, dN, and
the stress intensity range, AK, is the difference between the maximum and the minimum
values of stress intensity factor during a fatigue cycle, K__ - K .. Although the K__ term
in equation 2.2.9 corresponds to the maximum stress O__ and has a positive value, the
corresponding minimum stress intensity cannot be represented by a negative value, as
compressive loads are carried by the faces of the crack. Consequently the K term in
equation 2.2.9 should be given the value of K at which the crack opens during the
tensile/compressive cycle. However factors which affect the crack closure such as
fracture surface roughness and oxide formation within the crack are very difficult to
account for numerically. Therefore, on the assumption that the crack will close at zero
load, K, is given the value of zero for all cycles when the load ratio, R=0G_ /C__, is
less than zero.

A typical crack growth curve has three distinct regions, as illustrated in Figure 2.2.6.
Equation 2.2.10 describes the fatigue crack growth behaviour during the region II.
Region I is a low growth rate region in which the range of stress intensity factor
approaches the threshold stress intensity factor, AK,, below which crack growth does not
occur. Region III is a region of high growth rate in which the maximum stress intensity
factor approaches the fracture toughness of the material, K, and crack growth involves
stable ductile tearing. Pickard et al.,[1975], have clearly defined the three regions on a
log-log scaled plot for Type 316L stainless steel. The AK, was calculated to be 6MPaVm
when the crack growth rate was less the 107 mm/cycle. Deviation from the Paris Law
occurred at AK=52MPaVm and K was calculated to be 65SMPavm. Both the crack
growth rates and the threshold stress intensity factor were similar in Type 316L tested at
25°C and -196°C, [Mahoney and Paton, 19741, while increased crack growth rates were
observed, at 649°C, over the same range of stress intensity factors.

Standard test procedures and specimen geometries for development of the Paris Law are
available, [ASTM E647,1988] while values of m, in equation 2.2.10, vary from 2 to 5
for most structural materials. Paris,[1964], displayed similar slopes, n=4, on the logAK
vs. log(da/dN) plots for various materials including steel, molybdenum, titanium,
magnesium and the aluminium alloys 2024-T3 and 7075-T6, while Speidel,[1975], has
shown that the fatigue crack growth rates in a given stress intensity range can differ

considerably for different materials when tested in a vacuum, Figure 2.2.7. Furthermore
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when the cyclic stress intensity range is divided by the appropriate value of modulus of
elasticity, the power law regions of many different materials come together within a
single band. Therefore the strain crack growth parameter, AK/E, determines the crack
growth rate irrespective of other material properties. The temperature effect of increasing
the crack growth rate with increasing temperature was observed to disappear when the
data from vacuum tests on Type 316 steel at 25, 427 and 593°C, was plotted against
AK,, [Sadananda and Shahinian,1980].

Amzallag et al.,[1981], observed that an increase in the load ratio-R produced a decrease
in the corresponding AK at low crack growth rates in Type 316 stainless steel. Other
factors such as specimen thickness, specimen type, crack length, waveform and
environment had no effect at such low crack growth rates. Ermi et al.,[1981] found an
increased crack growth rate with increasing R-ratio at low AK values and used an
effective stress intensity factor, K., equation 2.2.11, to describe the crack growth rate as
a Paris Law equation;

K, =K. (1-R)" (2.2.11)

where m=0.667 for annealed Type 316 at room temperature and K, is the maximum
stress intensity factor during a cycle. Slightly higher crack growth rates were observed in
miniature centred cracked tension, CCT, specimens in comparison to standard compact
tension, CT, specimens. This phenomenon was also observed by Rickerby et al.,[1984],
with data from CCT specimens of solution annealed Type 316 steel in comparison with
the data obtained from single edge notch, SEN, specimens as a result of the high plastic
deformation in CCT specimens at relatively low values of AK.

The greater number of cycles were required to initiate a fatigue crack in notched
specimen of irradiated, annealed Type 316 stainless steel over the entire range of
temperatures, from 100°C to 500°C, in comparison to the same material in the
unirradiated state, [Fenici and Suolang,1991]. For both materials the required number of
cycles, R=0.1, to crack initiation decreased with increasing temperature. Irradiation
induced defects blocked the dislocation glide thus increasing the resistance of the
material to crystallographic plane slip and crack initiation. The corresponding fatigue
crack growth rate of the irradiated material was always lower than that of the
unirradiated material over the entire temperature range. The fatigue crack growth rate
was found to increase with increasing temperature for both materials while the threshold
stress intensity factor of the irradiated material was greater than that of the unirradiated
Type 316 steel.
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2.2.2.2. Mechanisms of Fatigue Crack Growth.

Following microcrack nucleation, fatigue crack propagation appears in two stages,
Figure 2.2.8. Stage I cracking appears in the form of microcracks inclined to the
direction of the applied load along the slip planes of maximum shear stress. With further
cycling the microcracks either arrest or grow and combine to produce a dominant stage II
macrocrack which propagates in a direction approximately perpendicular to the applied
load. The stage II cracks propagate across the grains or through the grain boundaries
until final fracture of the remaining ligament ahead of the crack. The number of cycles
necessary for stage I propagation in sharply notched or pre-cracked bodies becomes
negligible and the total fatigue crack propagation is stage II type.

At ambient temperatures, continuous cycling produces fatigue cracks which are usually
transgranular, that is the crack propagates through the grains, and the resultant fracture
surface consists of the fractured grains which are often patterned with fatigue crack
markings, known as beach-marks or striations. The striations can display the crack
initiation point, the development of the crack shape and the point at which stage II
cracking becomes final fracture. Striations have also been used to measure the crack
growth on the basis that each striation spacing corresponds to a cycle. Therefore the
spacing between the striations is the distance the crack has developed in one cycle.
Paris,[1964], observed that during random loading of aluminium alloys, a periodic single
cycle overload produced a marked ring on the fracture surface which was far greater than
the other marks, the number of which corresponded to the number of cycles between
each overload. Striation markings have been measured to give fatigue crack growth rates
which when plotted against the corresponding values of AK produced similar Paris Law
plots to the crack growth measurements made during the tests on Type 316L, [Pickard et
al.,1975]. Similar experiments in air and in vacuum, [Sadananda and Shahinian, 1980},
have shown that the formation of striations is dependent on the environment. The
fracture surfaces from the vacuum tested material appeared to be featureless in
comparison to the striation formation on the material tested in air. However striations on
material tested in a vacuum have been observed to be shallower with less space between
them than those produced during a test in air.

The crack growth rate at ambient temperature is influenced by the environment, while
the effects of both the load ratio and the pre-test treatment of the material on the crack
growth rate, vary for different materials, [Speidel,1975], [Amzallag et al.,1981].
Different samples of the nickel based superalloy, Nimonic 105, were treated to produce
both a brittle and a ductile version of the material before LEFM fatigue testing in either
vacuum or air, [Speidel,1975]. In the ductile condition the crack growth rate in air was
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two-to-three times higher than that in the non-aggressive environment. At the lower
‘ranges of stress intensity factors the material in the brittle condition behaved similarly,
however at higher ranges the crack growth rate in both vacuum and air were far greater.
Intergranular cracking through the brittle material increased the crack growth rates and
similarities between the crack growth rates in both water and air indicated that the
intergranular crack growth was influenced more by the increased mechanical mean stress
than by environmental effects. With the ductile materials, 24 Cr-1Mo steel and SA 542
pressure vessel steel, there was no effect of increasing load ratio, (mean stress), on the
fatigue crack growth rate, between 10¢ and 10° mm/cycle, at room temperature,
[Ritchie,1986]. In non aggressive environments and at the same AK range, crack growth
rates were independent of cyclic frequency, waveshape and the thickness of specimens.

Crack growth rate at 649°C was greater than that at 25 C, {Mahoney and Paton,1974],
although the mode was predominantly transgranular even with the increased carbon
content in Type 316, and the increased distribution of M,,C, carbides in the aged Types
316L and 316. The M,,C; carbides raise the transition temperature from 600°C to 800°C
for transgranular to intergranular fatigue failure by preventing grain boundary sliding,
[Driver,1971].

The fatigue crack growth rate of annealed Type 316 stainless steel is slightly lower in a
vacuum than in air at 25 C, 427 C and 593°C, although this effect decreases with
increasing stress intensity range at the higher temperatures, [Sadananda and
Shahinian,1980]. The mode of fracture was transgranular in the regime of low crack
growth rates, (da/dN < 10¢ mm/cycle), at both 25°C and 593°C, as the low stacking
fault energy restricted slip from one crystallographic plane to another. With 20% cold
worked Type 316 the crack growth rates at 593°C in both air and vacuum were similar
and far greater than that in air at 25°C, over the corresponding range of AK. A one
minute tensile hold period during the fatigue cycle at 593°C increased the crack growth
rate, both in air and vacuum, by two orders of magnitude over that of the continuous
cycling. Fatigue crack growth was predominately intergranular with and without hold
times at 593°C in a vacuum. In air at 593°C, continuous cycling continued to display
transgranular striations while the introduction of the one minute hold time produced
intergranular cracking. When the crack growth rate was plotted on a time basis as
mm/hour, both data from cycles with one minute hold times and static load data
displayed higher crack growth rates than the corresponding continuous cycling tests at
593°C. The enhanced crack growth rate due to creep-fatigue interaction and the similar
crack growth rates in both air and vacuum means that the increased crack growth in this
material is not completely due to a time dependent process. If the local stress is below
the increased yield stress of the cold-worked material then plastic relief at the grain
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boundary junctions ahead of the main crack is prevented and microcrack nucleation is
possible. Therefore the crack growth rate increased. Other material factors which
increase the fatigue crack growth rate in Type 316L stainless steel include the increased
size, concentration and nature of multiple phase inclusions and the increased grain size in
Type 316L welds, [Pickard et al.,1975].

With an increase in temperature from room temperature to 538°C the crack growth rate
of type 304 steel, in air, increased over the mid range, [Speidel,1975]. At low stress
intensity ranges, <12 MPaVm, no effect of decreasing frequency was observed on the
crack growth rate at 538°C. However with increasing AK and decreasing frequency, the
crack growth rate increases. Such an effect was also observed with a cobalt based
superalloy, HS 188, at 600°C, [Speidel, 1975], which displayed a critical frequency of
0.0iHz beiow which the fracture mode changed from transgranular to intergranular
cracking. The corresponding crack growth rate increased and was found to be similar to
creep crack growth rates at 600°C. It can only be assumed that in aggressive
environments, decreasing the frequency also increases the crack growth rate.

The environmental effect on striation formation has been taken into account in Laird’s
plastic blunting model, [Laird,1967]. Using Figure 2.2.9 as a guideline, the fatigue
crack propagation during one cycle is basically described in terms of the local
plastification, along the planes of maximum shear stress, at 45 to the crack tip.
Initially, the zero load condition represents a well developed stage II crack with a
striation pattern on the fracture surfaces behind the crack tip, (a). Under the initial
tensile load the material yields, (b), then the crack tip blunts and increases in size to a
semi-circular configuration with the increasing tensile load, (c). When the maximum
tensile load is applied, oxides from the air quickly form on the exposed surface of the
crack tip. On application of the compressive part of the cycle, the process of rewelding
of the crack tip surfaces is inhibited by the oxide layers therefore the surfaces are only
partly folded by buckling into a double notch at the crack tip, (d). Upon continued
compression, the crack tip sharpens and the double notch becomes the troughs of the
striation pattern, which are a length of Al in front of the previous markings, (¢). In a
vacuum the oxides do not develop on the fracture surface, a greater degree of cold
rewelding of the crack tip occurs during the compressive phase. The striation pattern
does not appear to develop and the extension of the crack tip is reduced over the cycle.
Therefore the crack growth rate is reduced in a non-aggressive environment.

Kaplan and Laird, [Klesnil and Lukas,1980, ref.#126], observed no propagation from
sharp notches in the planes of maximum shear stress in single copper crystals loaded in
repeated zero-compression cycling. Taking this into account, they developed two models
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to describe stage I crack growth. The first model refers to the frequent cross-slip in wavy
slip materials. The maximum shear stress component in the plane of the crack produces a
repeated process of plastic blunting and reshaping of the crack tip. An increment of crack
extension occurs with each cycle. The second model is also based on repeated plastic
deformation at the crack tip. However in this model the crack extension is due to the
upper part of the crystal slipping with respect to the lower part. The slip occurs along the
crack plane, which is identical to the active slip plane. This mechanism does not require
a normal component of stress, is believed to be particularly applicable to metals with
limited cross slip.

A recommended procedure for determining the threshold stress intensity factor is given
in ASTM E647,[1988], and is defined as the AK for which the corresponding crack
growth rate is equal to or below 1x107 mm/cycle. Experimentally, the threshold range in
stress intensity factor is determined by decreasing the stress amplitude, and the
corresponding stress intensity range, while the load ratio, R, remains constant until crack
propagation stops. However Klesnil and Lukas,[1980], found that the threshold value
was dependent on the magnitude of the stress intensity factor at which the crack was
propagating before the stress amplitude was reduced. Figure 2.2.8 revealed that the early
stage of fatigue crack growth was a combination of modes I and II and that the cracking
was of a crystallographic nature and dependent on microstructure. Brown and
Miller,{1985], found AK could describe the fatigue crack growth in both the near
threshold region and Paris Law region for type 316 stainless steel measured under three
- different types of biaxial stress fields. Tables of results, [Klesnil and Lukas,1980], have
shown threshold stress intensity factors to range from 0.5 to 8.0 MPavm depending on
the type of material and the load ratio. The value of threshold stress intensity factor
decreases with increasing load ratio during tension-tension cycling. Growth rates increase
as the mean stress and the corresponding threshold AK, are reduced. Ritchie,[1986], also
observed that near-threshold growth rates were greater with increasing strength of steels
and were generally slower in coarse grained microstructures. In general, aggressive
environments reduce the threshold AK, as Amzallag et al.,[1981], observed with 2618
aluminium alloy in argon when compared to air. However with type 316 stainless steel
environmental effects were negligible. At ultra-low load ratios, (R=0.05), the near
threshold growth rates of 2% Cr-1Mo steel in dry hydrogen were significantly faster than
in moist air, [Ritchie,1986], also in lower strength steels seemingly aggressive
environments such as water and wet hydrogen produced marginally slower near threshold
crack growth rates than in supposed inert environments like dry helium. The reduction in
near threshold crack growth rate in wet environments was explained as an effect of oxide
induced crack closure. However at higher load ratios the effects of environment on the
near threshold crack growth rates are largely absent since the crack is opened to such an
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extent that oxide fretting does not occur. Specimen type, thickness of specimen, crack
length, waveform and frequency of cycling have no influence on the low crack growth
rate region, [Amzallag et al.,1981].

At high AK values, region III, the crack tip stresses reach a critical condition resulting in
rapid crack growth rates to failure. For mode I loading and brittle plane strain
conditions, the critical value of stress intensity at which rapid failure occurs is designated
as K,.. Furthermore, since the crack tip stresses required to produce rapid failure are
material dependent, then K. can be used as a parameter to describe the material’s
resistance to failure. This parameter is referred to as the fracture toughness of the
material. Therefore if the stress intensity factor of a cracked body is calculated to be less
than the known fracture toughness of the material then it is possible to calculate either
the maximum allowabie stress or crack depth within a factor of safety of component
failure.

Values of material fracture toughness are calculated from experiments on standard
specimen geometries. During region III, the crack growth rate, which is transgranular in
region 11, is increased due to addition of or replacement by static modes of fracture such
as cleavage, intergranular craéking and microvoid coalescence. Resulting failure is either
through brittle fracture or unstable ductile tearing. The growth rate is sensitive to
microstructure, mean stress and specimen thickness. The higher mean stresses, resulting
from increased load ratios, have been observed, [Ritchie,1986], to decrease the critical
stress intensity factor, K., from 50MPavm to 25MPavm in a low toughness, (temper-
embrittled), low-alloy steel. Although both microvoids in the microstructure and
intergranular cracking influence the high crack growth rates, the actual magnitude of the
velocity of the cracking is so great that corrosion and other environmental effects are
negligible.

When the applied stress level increases towards the yield stress of the material then the
region of fast fracture increases and the principles of linear elastic fracture mechanics no
longer hold. Brown et al.,[1988], measured the fatigue crack growth rate in stainless
steel specimens which were cycled at four different stress ranges from 67MPa to near
yield stress and beyond to 560MPa which was almost 1'% times the yield stress. The
applied stress ranges which were near or above the yield stress produced higher crack
growth rates and the characteristics of the Paris Law were not observed. For engineering
components which may be subjected to fatigue stresses above the yield stress, such as
thermal fatigue of power plant components, a method has to be developed which can
describe the fatigue crack growth in terms of both the elastic and the plastic behaviour of
the material.
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2.2.3. Elastic-Plastic Fracture Mechanics (EPFM) and Fatigue Failure.

Tomkins,[1968], developed a model which described the crack propagation process in a
ductile material under tension-compression straining unlike earlier models which were
restricted to tensile loading, [Dugdale,1960], [Bilby, Cottrell and Swinden,1963].
Tomkins’ theoretical model of the fatigue crack propagation under conditions of crack-
tip plasticity and high strain fatigue was based on plane strain conditions. He replaced
the crack tip plastic zone, [Dugdale,1960], by accommodating the plastic deformation
during the tensile part of the cycle, along two narrow shear stress bands at +45° to the
crack tip. Increasing the load to the tensile strain limit produced a new crack surface
along the inner surface of the flow bands. Although the load is reversed into compression
the deformation is largely irreversible, therefore the crack closes with both an extension
to the crack tip and a surface ripple in the cracked material behind the crack tip. The
resulting fatigue crack growth rate was described in terms of the applied plastic strain
range, A€ ;

2
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T

where O, is the average deformation zone stress, (the flow stress of the material), and is
greater than twice the value of the maximum applied stress. Tomkins,[1968], observed
that the integral of equation 2.2.12 produced the Coffin-Manson equation and that the
fatigue life data for four metals lay between upper and lower limits of equation 2.2.12
when the average deformation zone stress, (G,), was represented by the true tensile
fracture stress of the material, (G,) and the ultimate tensile stress, (O'), respectively.
Variations of equation 2.2.12, [Skelton,1982], which were based on striation counting,
compare well with the growth rates of short cracks in a number of materials under high
strain fatigue conditions at high temperatures. However when cracks propagate from a
region of high plastic strain into a region of elastic shakedown the relationships based on
equation 2.2.12 predict that crack propagation ceases when A€ =0, yet under conditions
of thermal fatigue, [Burlet et al.,1989], this is not the case. Therefore a fracture
mechanics approach is required to determine the crack growth rate through a complete
component in terms of both the plastic and the elastic strains.

A number of parameters have been developed to relate to the crack growth rate under
conditions of post yield monotonic tensile loading. The crack tip opening displacement,
CTOD, was developed in the early 1960’s by Cottrell,[1961], as a method of relating the
crack extension with the displacement between the surfaces of the crack at a position
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corresponding to the original crack tip. Experimentally, the CTOD is determined from
measurements of the surface displacement across the notch from which the crack has
initiated. Fracture is considered to occur when a critical crack tip opening displacement,
d,, is attained and is related to the applied stress, in plane stress conditions, by the

equation;
80,
5=294 ln[sec( 70 )] (2.2.13)
7k 20,

ys

where G _ is the yield stress. For low values of G/G_,, equation 2.2.13 is reduced to;

O’'m K G
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where G is the strain energy release rate. Following his analysis of crack growth due to
plastic strain, Tomkins,[1984], extended the crack tip opening displacement approach to
include the contribution of the both the elastic and the plastic strain ranges during the
fatigue crack propagation of a crack in an infinite plate loaded in tension;

AS- A GPa 7Z'AO'A8Pa
 20.E * o.(1+n’)

(2.2.15)

From equation 2.2.15 values of CTOD are calculated for the corresponding crack depth
and plots of ACTOD vs. da/dN are generated. During cyclic loading the crack opens
under tensile loading, it extends with increasing tensile strain, thus creating new crack
surfaces which are not cohesively closed during the compressive part of the cycle.
Therefore a crack extension of half of the CTOD would be expected per cycle. However
Brown,[1988], has found the Ad/2 relationship to be an upper bound to measured crack
growth rates which indicates that the crack depth extension is less than half the crack tip
opening displacement each cycle. For work hardened materials, the crack flanks
accommodate some of the crack opening because they are involved in crack tip plasticity,
[Rice and Rosengren,1968], therefore the crack extension is reduced while other factors
such as the nonuniformity of crack advancement and crack closure could also contribute
to the discrepancies.

Another parameter which relates the crack tip stress/strain field to the crack depth is the
plastic zone size, 1,. In the small scale yielding regime, in which only the crack tip is
subjected to plastic loading the corresponding plastic zone size can be calculated using
equation 2.2.7. In the presence of large scale plastic deformation, both the CTOD,
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equation 2.2.13, and the plastic zone size have been determined in terms of the crack
depth a, using the strip yielding model of Bilby, Cottrell and Swinden,[1963]. In this
model, the yielding is confined to the plane of the crack, of length, 2a, in an infinite
body which is subjected to a uniform tensile stress, G, such that the plastic zone size is;

r =a|:sec( 7[0')__{' (2.2.16)
y ZO-ys

where G, is the yield stress. Brown,[1988], altered equation 2.2.16, to describe the
fatigue crack growth rate of type 316 stainless steel in terms of the cyclic plastic zone

size. The applied stress was replaced by a stress range, AG, which was the difference
between the maximum stress and the crack opening stress, and the vield stress was taken
as 20, the tensile strength of the material after strain hardening. From three candidate
elastic-plastic fracture mechanics parameters, A5, Ar, and the cyclic J-integral, AJ, the
cyclic plastic zone size was the most successful in describing the fatigue behaviour of
type 316 stainless steel. Furthermore, Brown produced an equation which described the
crack growth rate in terms of the plastic zone size with respect to the elastic and the
plastic components of strain;

= Clapnoir, )" +

ryAsp

2.2.17
1+2n' ( )

where B is 2 or 6 depending on the stress regime and r, must be evaluated from the
tensile strength. Unfortunately, no data was found to confirm equation 2.2.17 and as the
plastic zone size can vary across the crack front through the thickness of a component it
is worthwhile to investigate other EPFM parameters which can be determined from both
component and standard specimen tests and compared with available data.

The third EPFM parameter that Brown,[1988], described the fatigue crack growth rate of
type 316 stainless steel in terms of was the cyclic J-integral, AJ. The cyclic J-integral
was developed from the J-integral concept of Rice,[1968], which was basically a non-
linear approach to the crack growth energy theory of Griffith,[1921], in which a linear
elastic body, of thickness B, containing an edge crack of length a, is subjected to a
remote load P, Figure 2.2.10a.

The difference between the corresponding lines of elastic load, P, and load point
displacement, u, Figure 2.2.10b, for similar bodies with crack of lengths a and a+da
respectively is the shaded area dU. This is the energy required to extend the crack a
distance of da. The corresponding energy release rate G, becomes;
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G=——Z (2.2.18a)

where B is the thickness of the body. As da—0 the shaded area is difficult to measure.
However the load and the displacement are related be the expression;

C =

u
— 2.2.18b
s P ( )

where C; is the reciprocal of the load-displacement slope and is known as the specimen
compliance, which is a constant for a given crack length. The change in displacement, §
u, is represented by;

ou=C,0P+P&C, (2.2.18¢c)
However, with a constant load, 3P=0, therefore the change in displacement;

ou= P&, (2.2.184d)
The energy stored within the body is Es='4Pu, therefore the change in energy is;

OE, = Y,udP+ Y, Pdu | (2.2.18¢)
With §P=0, the energy stored in the body is given by;

O, =Y Péu (2.2.18f)

Combining equations 2.2.18d and 2.2.18f produces an equation for the change in energy
oU;

O0U =8, = P*&C, (2.2.18g)
As a crack advances forward by an increment da the change in energy is given by;
Gé&aB= Y% P*&C, (2.2.18h)

Therefore the energy release rate due to an increment of crack growth is expressed as;
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Knott,[1973], recommended that allowances must be made for yielding at the loading
points and that fracture toughness of a material can be determined using this method
assuming that the specimen is relatively small. This energy theory approach to crack
growth has been shown, [Knott,1973], to relate to the stress intensity factor;

KZ

G= 2.2.2
I (2.2.20)

where E’ is the elastic modulus for plane stress or E/(l-v,,z) for conditions of plane
strain.

When yielding occurs the load-displacement relationship is no longer linear and some of
the energy is released without contributing to the crack growth. Rice,[1968], developed
the theory for the J-integral in the late 1960°s to determine the toughness of a cracked
body, subjected to yield loading, in terms of the strain energy density. He considered an
edge crack in a two dimensional body of unit thickness with an arbitrary contour, T,
which begins along the bottom surface of the crack an ends along the top surface, Figure
2.2.11. ’

In the co-ordinate system shown, ds is an increment of the arc length along the contour,
T is the stress vector exerted on the material within the contour, u is the displacement
and with the strain energy density, W,, the line integral J around the crack tip is given
by;

_ o
J= ! (mdy T dcds) (2.2.21)

The strain energy density W=[G €, where O, and €, are the stress and strain tensors
respectively and the traction vector T=0,n, acting along the normal unit vector n; from
the arc section ds along the contour I'. Rice,[1968], has shown that the J-integral is path
independent and is equivalent to a change in potential energy corresponding to the
extension, da, of either a notch or a sharp crack, in a non-linear elastic material. With
small scale yielding confined to the crack tip in an infinite elastic body, the J-integral
becomes identical to the strain energy release rate, G, for a linear elastic body, with a
plane strain plastic zone correction in the calculation of K;
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1-v?) (2.2.22)

The J-integral can be evaluated in the elastic plastic regime using a finite element stress
analysis, however a number of simpler estimation schemes exist, [Chipperfield,1978].
Rice et al.,[1973], have shown that the J-integral can be determined from the load-load
pin displacement diagram of a cracked body as previously shown for G, Figure 2.2.12.
The shaded area represents the work done in crack extension, dU and;

_1d

J=
B a

(2.2.23)

For power law hardening materials the plastic compliance of the cracked body,
C,=u/PY, varies with crack length and is used to determine dU in terms of P and u to
give;

P dc,

T 0B @

(2.2.24)

This equation is valid for any path of the load displacement curve corresponding to the
difference between the original crack length and the increased crack length and can be
altered in terms of P(du) and u(dP) to account for crack extension at constant load or
constant load point displacement respectively.

Although Brown,[1988], has argued that the J-integral was developed to describe crack
extension with increasing tensile load and that no unloading of the stress can be
accounted for, a number of estimations of a cyclic J-integral, AJ, have been developed to
take into account the non-linear cyclic loading that occurs in high strain fatigue.
Chell,[1981], has described an estimation of AJ in terms of an elastic and a plastic
component, AU, the irreversible plastic work expended on unloading, as shown in
Figure 2.2.13. Compared to the monotonic version, the cyclic J-integral depends on the
change in elastic strain energy, equation 2.2.25, as the cyclic plastic work, AU, is a
reduction on the plastic work in tension.

AJz(AK)2 + 1,AU,
E'  B(W-a)

(2.2.25)

where E’ depends on the stress state, B and W are specimen thickness and width

respectively, a is crack depth and n, is a function of specimen, the plastic collapse load

and a/W and commonly has the value of 1 for centre cracked panels and 2 for bend
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specimens in plane strain. Dowling,[1976], and Taira et al.,[1979], have also developed
relationships using the AJ to describe the fatigue crack growth in centre cracked plates,
CCP, in terms of elastic and plastic parameters at low and high temperatures
respectively. Dowling’s method employed the load-load point displacement plot with the
origin at the compressive stress level at which the crack closed. The original model was
for deep notched CCP specimen however modifications were made to produce an
expression for AJ which relates the stress and strain ranges to a thumbnail shaped crack
in a CCP specimen;

(2.2.26)

M:(n(Aoj2~ ,2mAOnE, )a

E' 1+n'

where n’ is the cyclic strain hardening exponent. Equation 2.2.26 is related to the
ACTOD relationship of Tomkins, equation 2.2.15, by the relationship;

A =20,A8 (2.2.27)

Taira et al.,{1979], produced a similar relationship, with a temperature dependent elastic
modulus, for a CCP specimen with a shallow crack. Using the area enclosed in the cyclic
load versus crack centre opening displacement loop the plastic work term was derived
and the resultant equation produced a straight line relationship between da/dN and AJ, on
a log-log scale, for 316 stainless steel at both 600°C and 650 C over a wide range of
stress levels;

da _ 132
——=1.18x10"*(AJ 2.2.28
= 118x107(a)) (2.2.28)

Dowling’s equation has been shown, [Tomkins,1981], to describe the growth rate of
deep cracks in Type 304 steel, under high strains at room temperature. However short
crack growth data differs from the line. This was observed in A533B pressure vessel
steel, [Tomkins,1981], at room temperature. Skelton,[1983], has compared crack growth
rates of various materials under high strain fatigue at high temperatures using the AJ
equation of Tomkins, and has found a similar relationship to equation 2.2.28. Hatanaka
et al.,[1989], used a finite element analysis to determine the stress-strain hysteresis loops
at the notch and calculated AJ values for cracks propagating in both smooth and notched
specimens of the medium carbon steel S35C. For crack growth rates below

10° mm/cycle the AJ-da/dN equations were observed to overestimate crack growth rates
for short cracks in comparison to long cracks at a similar AJ. Leis,[1982], also found
differences between long crack and short crack predictions and results in steel plates
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when the AJ parameter underestimated the crack growth rate for short cracks in high
strain fields. This behaviour was explained as a notch effect on the local plastic fields
which had a greater effect on short cracks in comparison to longer cracks which
propagate in a stress field beyond the effects of the notch. No crack growth relationships
or experimental data were found to relate the AJ parameter to fatigue crack growth in
tubular components.

The requirement for a simpler parameter to describe the fatigue crack growth in both
high strain and linear elastic fields results from problems with the options available.
These include the uncertainty of the AJ parameter to successfully model the fatigue crack
growth of short cracks propagating from notches in a plastic strain field, and the
necessity to perform a three dimensional block finite element analysis to determine the
stress and strain fields around a notch 1n a tubular component.

One such parameter is the strain intensity factor, AK; which has been shown to be
represented in terms of both the elastic and the plastic strain ranges, [Haigh and
Skelton,1978];

AK, =(Ag, +qAE, Wma (2.2.29)

where q=%, and is the coefficient of crack opening. Haigh and Skelton,[1978],
determined this value with crack opening displacement tests with a typical high strain
fatigue, HSF, cycle in both air and vacuum. The electrical potential readings across the
crack decreased as the crack closed. This behaviour was observed more with the vacuum
tests than the tests in air as the electrical conduction across the crack faces was reduced
by oxidation. The term (A€ +qA€) is called the equivalent elastic strain and describes
the part of a hysteresis loop in which the crack opened, it ignores the compressive
component of elastic strain. Upon multiplication by the elastic modulus, E, the
equivalent elastic strain becomes a pseudo elastic stress, AG,_, which leads on to the
equivalent stress intensity factor, AK_;

AK,, = EAK, = E(A&, + qAE, W m (2.2.30)

Although it is a strange practise to multiply the plastic strain range by the elastic
modulus, it should be observed that the equivalent stress intensity factor is merely an
assumed parameter which has been developed in an attempt to account for both the
elastic and the plastic strain components, [Burlet et al.,1989]. In comparison with crack
growth data for Type 1018 steel at room temperature in relation to a total strain based
parameter, the equivalent stress intensity factor, equation 2.2.30, displayed a reduced
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scatter of data at the lower strains and a good agreement at the high plastic strains. Haigh
and Skelton found the spread of results in the HSF regime, using equation 2.2.30, to sit
between the upper limit of tension-compression testing, (R=-1), in LEFM and a lower
limit of the tension only mode, (R=0), with 2CrMoV steel in a vacuum at 550°C. A
similar trend was observed with Type 316 steel in air at 625 C with LEFM data,
(0.2<R<0.6), and HSF data, (0.001<A€ <0.005). Skelton,[1983], has shown that there is
a relationship between the effective stress intensity and the J-integral;

AK,, =JEA] (2.2.31)

where AJ is given by equation 2.2.26 with a semi-stress range since the crack is closed in
compression. However in comparison a greater scatter was observed using a AJ-stress
intensity factor derived from equation 2.2.26 in comparison with same data obtained
using the equivalent stress intensity, equation 2.2.31.

The accuracy of the equivalent stress intensity to describe the fatigue crack growth in
both LEFM and HSF regimes and the knowledge that a finite element analysis is
required to determine the stress and strain fields for a AJ analysis has made the
equivalent stress intensity the most attractive method to use when attempting to model
the fatigue crack growth under conditions of thermal cycling.

2.2.4. Application of Fracture Mechanics to Thermal Fatigue Crack Growth.

Under conditions of thermal cycling, the stress field through a component will vary with
respect to both the thickness of the material and the time following the thermal shock,
[Skelton,1979]. With the initiation and propagation of a crack during the thermal
cycling, the process of analysis of the fatigue crack propagation, through the complex
stress field, using the stress intensity factor becomes very difficult. There are a number
of methods of calculating stress intensity factors. The decision of which to use depends
on the complexity of the problem, the time available to perform the calculation, the
accuracy of results required and the availability of computing software which can
perform the calculations.

2.2.4.1. Finite Element Method.

In the finite element method the component is modelled as a mesh of regions or
elements. The elements are built up of lines which connect points or nodes, which are
located at the corners and mid-side positions. Complicated three dimensional components
can be analysed while symmetry may be taken into consideration to reduce the actual size
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of the computer model. The basic field variables, such as stress and displacement, are
assumed to be constant, or vary simply within the elements. Material characteristics and
boundary conditions, such as applied stress, temperature changes and restricted nodal
displacement are defined before the analysis is performed. Continuity of the basic field
variables across the elements is maintained throughout the analysis. Therefore, nodal
displacements are calculated to coincide with the reduction in potential energy of the
system. Values of stress and strain may be calculated at specified elements for
increments of the analysis. Cracked surfaces are modelled using elements with load
carrying restrictions. Accurate values of the stress intensity factor, at special crack tip
elements, are obtained from either the calculated nodal displacements, evaluating the
calculated J-integral or by differentiating the calculated potential or strain energy.

2.2.4.2. Weight Function and Superposition Method.

The elastic stress distribution through an uncracked thermal shocked component is
calculated using equation 2.1.25. Depending on the magnitude of the temperature
difference and the elastic properties of the material, a yielded zone can develop over a
small distance from the shocked surface, Figure 2.2.14. Assuming the stress gradient
through the thickness of the material to be purely elastic then it can be represented as a
function of the maximum quenched surface stress, G, and the normalized distance from
the quench face with respect to the component thickness, a/t, [Skelton,1979]. This stress
gradient equation can be used to develop a function of the maximum stress intensity at
the tip of a crack which is propagating through the component;

K'=j‘O(X,)m(A,,X,)dx . (2.2.32)

where X, is the distance from the shocked surface, A, is the crack depth, G(X) is the
stress gradient function of the thickness of the component and m(A,, X)) is the weight or
influence function. The principles of the weight function are described in greater detail
elsewhere, [Chell,1981], however, a basic description of the method can be given by
reference to Figure 2.2.15.

When an uncracked body, Figure 2.2.15a, is subjected to an external traction, T,
external displacement, u,, body forces, X, and initial internal strains, G)ij, induced
tractions, Ti*, and corresponding stresses, O(x), are applied normal to a plane AA’, of
length x, positioned anywhere within the body. Assuming that a plane AA’ becomes a
crack then the applied stresses produce a relative displacement between the crack
surfaces, ®(x). Upon removal of the external tractions and displacements and internal
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stresses and strains, the displacement of the crack surfaces corresponding to the stress
profile, G(x), would only be possible if tractions —Ti=k were applied to the surface AA’ to
maintain the equilibrium. Therefore the displacement of the crack surfaces and the
corresponding strain energy of the crack, U,, depend on the total of the uncracked body
stresses, O(x), the crack length and the geometry of the body. Thus for a two-
dimensional body of thickness B containing an external crack of depth, a, in combination
with equation 2.2.20, the stress intensity is given by equation 2.2.33. The second term in
the equation is the weight function, m(a,x) from equation 2.2.32, in terms of the crack
length and the distance from the surface of the body upon which the stress is acting.

E' 3D(x)
j o(x) 3 dx (2.2.33)

BK&J a

The weight function depends on the crack depth and shape, the geometry of the
component and is independent of loading therefore once m(a,x) is known for a
component then the stress intensity factor can be calculated from a stress analysis of the
uncracked component. Weight functions for various geometries are available from the
literature, [Tada et al.,1985], and have been calculated for cylinders using analytical
methods, [Oliveira and Wu,1987], and finite element analysis, [Raju and
Newman,1979]. Equation 2.2.32 can be used to determine the stress intensity factor
using weight function values, which are a function of the normalized crack depth.

Another method used to determine the stress intensity factors within a cracked
component, for which only the external loading is known, is the superposition method.
The superposition method draws very similar comparisons to the weight function
method. The superposition method states that a section through an uncracked component
is subjected to a stress profile, G(x), which results from the external loading. If a crack
is propagating through the component, then an assumption is made that the crack surface
is subjected to the same stress profile, G(x), which is perpendicular to the plane of crack
propagation. The stress profile is represented by a polynomial equation as a function of
the normalized crack depth through the component section, equation 2.2.34, [Parker and
Andrasic,1984};

o(x) = f 4,x" (2.2.34)

While the stress intensity factor at the crack tip is calculated from the integrated form of
equation 2.2.32, that can be expressed as a polynomial of order six to give;
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6
K=JmY AYa" (2.2.35)
n=0

A, are the coefficients of the polynomial expression representing the stress profile in the
uncracked section, Y, are magnification factors corresponding to the crack shape in the
geometry analysed and have been developed for various geometries, [Parker and
Andrasic,1984] and tabulated for different shaped cracks, for 0<n<4, [Chell,1981]. The
magnification factors are independent of the type of loading and can be determined using
any arbitrary stress profile over the cracked surface. Values of Y, have been calculated at
increments of increasing crack depth and have been tabulated, with respect to the
normalized crack depth, for thin-walled tubular components containing either
longitudinal or circumferential cracks, [Buchalet and Bamford,1976]. Analysis of
cracked surfaces which were subjected to uniform, linear, quadratic and cubic stress
distributions have been performed to determine the values of Y, [Buchalet and
Bamford, 1976]. Magnification factors have been presented in the form of dimensionless
stress intensity factors, to the sixth order polynomial, for a variety of thick-walled
tubular components with longitudinal cracks, [Parker and Andrasic,1984]. The crack
depths were in the ranged of 0.01<a/t<0.8. The superposition method is valid for elastic
loading conditions with boundary conditions corresponding to an external load. However
it can be extended, within a first approximation, for boundary conditions corresponding
to imposed displacement which are closer to those associated with thermal loading,
[Burlet et al.,1989].

Values of the stress intensity factors are calculated, using equation 2.2.35, for increasing
increments of crack depth and are plotted against a/t to produce a stress intensity profile.
Using the superposition method, Skelton,[1982] developed the stress intensity profile
from a profile of the elastic stress, Figure 2.2.14, through a small thick-walled cylinder
of Type 316 stainless steel. When the values of stress intensity factors were applied to
the Paris Law equation very conservative values of crack growth rate were calculated in
comparison to experimental thermal fatigue crack growth rates.

2.2.4.3. Elastic-Plastic Equivalent Stress Intensity Method.

The effects of yielding over the shaded area, Figure 2.2.14, were taken into
consideration and the elastic-plastic stress profile was represented by a polynomial.
Using the superposition method the resultant stress intensity profile and the
corresponding crack growth rates were calculated and were found to underestimate the
crack growth rate in comparison to the experimental results.

Both the superposition method and the weight functions cannot be used under conditions
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of yielding. It is possible to determine the J-integral for increasing crack depths but this
requires an expensive, time consuming three dimensional block finite element analysis.
Alternatively an equivalent stress profile through an uncracked component may be
developed and used to calculate an equivalent stress intensity profile, equation 2.2.30.

Burlet et al.,[1989], assumed that the crack propagation occurred due to the single
thermal stress field which was perpendicular to the crack plane. Therefore only one of
the components of stress was of interest for a crack in a specific plane. Skelton,[1982],
developed an equivalent stress profile which took into account the cyclic stress strain data
for the same material and temperature conditions while restricting the yield zone in the
thermal cycling tests to the yielded region following thermal shakedown. Furthermore
the uniaxial cyclic stress-strain data was converted to equibiaxial values, to take into
account biaxial stress/strain field developed during thermai cycling, using;

£, = %[e,u +(1-20))8,] (2.2.36)

where the first subscripts refer to total and elastic values and the second subscripts refer
to biaxial and uniaxial values. The corresponding equibiaxial elastic and plastic strain
values were determined for the elastic-plastic stress profile in the reduced yield zone
following thermal shakedown and the equivalent equibiaxial stress profile was developed
using;

(€, +05¢,)E
O =1 (2.2.37)

where the first subscripts refer to equivalent, plastic and elastic values and the second
subscripts refer to equibiaxial values, [Haigh and Skelton,1978].

Following a polynomial fit, the equivalent equibiaxial stress profile, was superimposed
into the appropriate equation of the superposition method and the resultant equivalent
stress intensity profile compared well with experimental results for short cracks and high
crack growth rates. However for longer cracks and experimental crack growth rates
below 10“mm/cycle, the equivalent stress intensity factor overestimated the crack growth
rate when applied to the Paris Law equation.

When it is not possible to determine the elastic stress profile in an unnotched cylinder
using the thermal shock elastic stress, equation 2.1.25, due to the high frequency of
thermal cycling, then the elastic-plastic stress and strain profiles may be calculated using
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a thermal-strain finite element analysis, [Burlet et al.,1989]. The finite element analysis
was performed with an external heat flux applied to the elements at the external surface
of the components. The resultant cyclic temperature gradients throughout the component
were compared to those measured experimentally and were used as the input file for a
thermal stress/strain analysis. The analysis was performed for a number of cycles to
allow for cyclic hardening to reach a saturated value. Profiles of stress, total, elastic and
plastic strain, through the central section of the component, at various increments of the
thermal cycles, were produced. The stress profiles were adjusted to give an equivalent
stress profile and the superposition method was applied to calculate the equivalent stress
factor profile.

2.2.5. Methods of Measuring Thermal Fatigue Crack Growth.

Most investigations use the interrupted test techniques, in which a number of similar tests
are performed for different numbers of cycles, the tests are stopped and the fracture
surfaces are broken under load in liquid nitrogen, or sectioned, polished and etched to
clearly display the crack through the thickness of the material. Estimations are then made
of the development of the crack during the period between different tests at which no test
has been stopped. A number of thermal fatigue investigations have observed fracture
surfaces that indicated that the cracks had stopped growing, arrested, [Skelton and
Miles,1984]. From the crack growth rate calculations, it was estimated that the crack
propagation had decreased to growth rates that were in the range of 107 to 10¢
mm/cycle, which are sub-threshold growth rates for most metals and alloys.

Other methods to try and measure crack growth during testing include test interruption
methods such as visual inspection and measurement, magnetic particle analysis,
ultrasonics, eddy current technique, dye penetrant and both a.c. and d.c. potential drop
techniques.

Visual measurements are very useful if the specimen is flat, [Marsh,1981], or the
thermal cycles are conducted by immersing the specimen from a hot medium into a cold
medium, [Cordwell,1990], or vice versa, such that the shocked surface is easily observed
and the extension in crack growth can be measured with each thermal cycle. However
surfaces are often under conditions of plane stress while through the thickness the crack
propagates under conditions of plane strain which can produce crack curvature.
Therefore the crack surface must be observed to determine the relationship between the
mid-crack depth and the surface crack depth during cycling. Thus the interruption of
tests is required to determine a function to describe the development of the crack front
shape with the thermal cycles. If the crack grows away from the shocked face towards
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the unshocked face, [Bethge et al.,1988], then a relationship has to be obtained between
the growth rate of the crack length on the shocked surface with the growth rate of the
crack depth through the thickness. Differences here occur at the surface as the crack
grows through a plastic strain field, while through the thickness the crack grows towards
an elastic strain regime. Other problems with visual inspections include thermocouples
on the specimen surface which block the view of the crack as it propagates past them and
if the specimen is heated within a furnace or an induction heating coil then the specimen
cannot be observed at all. This would also be a problem if a dye penetrant was employed
to detect surface cracks. The process of crack detection using a dye penetrant involves,
cleaning the surface and coating the surface with a liquid which contains a dye. Excess
penetrant is then removed from the surface and a detector is applied to the surface to
draw the penetrant out of the surface defects through a capillary action. The bright
colour of the penetrant, red or yellow, clearly marks the site of the defect. Therefore it is
a useful technique to employ to determine the position of the surface defects while
presenting the opportunity to measure the surface crack length. However both the depth
and the shape of the defect cannot be determined using the dye penetrant technique.
Furthermore, the presence of mid-thickness defects that do not break the inspection'
surface, cannot be determined using the technique.

The magnetic particle technique is frequently used for inspection of tubular welded joints
on offshore structures, [Kerr,1988]. Basically the inspection area of the ferromagnetic
component is cleaned, the component is placed within a magnetic field, fine
ferromagnetic particles are distributed over the surface then the surface is scanned to
detect regions at which the particles have congregated. Defects and cracks act as breaks
in the magnetic field and hold the ferromagnetic particles which are visually detected.
The particles are available in various colours for easy detection with the contrasting
surface of the component. Problems with this method include test interruption to make
measurements, having to clean oxides from heated surfaces to make measurements and
altering the test set up and handling the specimen during testing to make measurements.
If cracks initiate at the internal surface of a tube and propagate towards the external
surface, as occurs with internal quenching of cylinders and in gun barrels, or if the
material is not ferromagnetic, such as austenitic stainless steel then the magnetic particle
detection method cannot be used.

Ultrasonic inspection is used to detect surface and internal defects in both metals and
composites, [Rice et al.,1989]. Basically, the detection technique involves directing high
frequency sound waves into the material and recording the reflected signal. The detector
may be positioned on either the same surface as the transmitter or on the opposite
surface, through the thickness of the component. With both transmitter and receiver on
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the same surface, an echo of the transmitted signal is detected after a time, t, which is
dependent on the velocity of sound through the material. Any echo that occurs before
this signal indicates the presence of a flaw. The distance from the surface to the flaw in
comparison to the thickness of the component is proportional to the ratio of the time
between the echo from the flaw and the back wall echo. The detected echo is converted
into an electrical signal, amplified and displayed on a computer. The amplitude of the
reflected signal depends on the defect size, the orientation of the defect relative to the
sound waves and the acoustic impedance of the interface between the material and the
defect. Therefore the angle at which the sound waves are sent through the specimen may
have to be varied in a trial-and-error technique until the most prominent signal is
received. Another requirement of this technique is that a layer of water, oil or grease is
required between the signal receiving transducer and the specimen surface to avoid loss
of signal due to the high acoustic impedance of an interface between the specimen
material and an air gap.

The eddy current method of defect detection is performed by creating a rapidly changing
electromagnetic field in a component made from an electrically conducting material,
[Granville,1991]. Eddy currents, which are generated in the material to oppose the
changing magnetic field, flow in a set pattern which is interrupted by the presence of a
defect and produces a change in the impedance of the sensing coil around the component.
It is possible to use probe type coils to scan the surface of complex shaped components
however care must be taken to avoid changes in the probe-to-surface distance as a lift-off
effect can produce changes in the signal which may be interpreted as changes
corresponding to defects. The eddy current method has been used to determine the depth
and direction of crack growth on thermally shocked tubes, [Love,1990]. At intervals of
100 cycles the tests piece was removed from the rig and scanned using a probe coil
which was part of a balanced bridge circuit. As the probe crossed a defect, the
impedance of the system changed, which produced an unbalance in the bridge circuit and
the resultant change in signal was recorded. Maps of the surface were simultaneously
produced and the position, size and direction of the cracks determined. From calibration
tests, cracks of 0.1mm were detectable while the maximum crack depth before saturation
of signal was 3mm. Each inspection took %2 hour therefore the period of one test was
greatly increased. Unfortunately, on going inspection requires special instrumentation to
inspect either the internal or external surface of a cylinder. This would not be practical if
the component is positioned within an induction heating coil, or a furnace and if the
internal surface has to be periodically quenched or constantly cooled with a cooling fluid.

Other methods of detecting the presence of defects, such as holographic detection, and to
determine the crack growth rate, such as acoustic emission, X-ray inspection and

84



oxide/gel electrodes technique, have the disadvantage of requiring the use of complex
equipment especially near the specimen surface. Details concerning these techniques may
be found in literature on non-destructive testing and fatigue, [Rice et al.,1989].

A more practical method would be to have only instrumentation probes on the surface of
the component and measurements corresponding to the crack growth taken out with the
experimental set-up. The electrical potential drop technique is used to detect the growth
rate of a pre-determined crack through an electrical field. Basically, the potential drop
method involves developing an electric field in a specimen by passing either a direct
current, (d.c.), or an alternating current, (a.c.), through the specimen and measuring the
voltage across a crack growing through the field. For practical reasons the potential is
measured across the machined notch at the surface of a standard specimen. Therefore the
position of crack initiation and the plane of crack propagation are determined before
fatigue or creep loading, [Li and Wei, 1966], [Hayashi et al.,1985], [Aronson and
Ritchie,1979] and [Hunter et al.,1992]. As a crack of depth a grows, the potential
difference between two points spanning the crack, V,, increases due to the reduction in
the uncracked area ahead of the crack and the corresponding increase in the electrical
resistance. In comparison to a reference potential, V , which corresponds to the original
notch or crack depth, a,, the crack depth-to-specimen-width ratio, a/W, is determined
from a calibration curve for the specimen geometry. Calibration curves are usually given
in the form of V,/V, versus a/W, [Aronson and Ritchie,1979], or (V,-V,)/V, versus a/W,
[Wei and Brazill,1981], and can be determined in a number of ways.

Experimentally, [Li and Wei, 1966], developed potential drop calibration curves from
centre-notched specimens by interrupting fatigue tests at suitable intervals and measuring
the potential, operating current and the crack depth from plastic replicas of the specimen
surface with a microscope at X100. The advantage of normalizing the potential drop
measurements is that scaled models of the specimens can be used to produce the
calibration curves. Such models range from the simplistic thin aluminium foil specimen
cross section model, through which the increasing crack is cut through the model using a
razor blade, to plastic moulds of the test component which are filled with an electrical
conducting fluid, through which a plastic plate is positioned at increasing depths to
represent the crack growth. With all calibration models both the current input and
potential measurement lead locations must be accurately positioned, relative to the test
condition, as differences in both the magnitude and the sensitivity as well as errors in the
accuracy of the potential measurements have otherwise been observed, [Aronson and
Ritchie,1979]. Another problem with the calibration determination from interrupted
experiments is that a limited number of tests are performed and calibrations
corresponding to very short cracks are often produced using best-fit line techniques,
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[Clark and Knott,1975]. In general the interrupted test potential drop calibrations are
accurate to crack growth measurements of 0.1mm, [Gangloff,1981].

Analytical methods of determining the potential drop calibration involve complex
mathematical functions, [Clark and Knott,1975], in which the current density is often
modelled as a two-dimensional fluid flow problem. The analytical methods are used
primarily for simple specimen geometries, such as edge cracked plates, [Hayashi et
al.,1985]. However for more complex geometries difficulties are thought to arise when
using this method of analysis, [Wei and Brazill, 1981].

A numerical method which is used to determine the calibration curve for a potential drop
analysis is to model the specimen in a finite element analysis, [Aronson and
Ritchie, 1979]. By specifying the electrical conductivity of the material and using fine
element meshes at both the current input leads and the potential measurement probe
positions, the specimen edges and at the crack tip, accurate changes in potential drop
were determined for increases in crack depth. Interrupted experiments confirmed the
finite element calibrations, although coarse meshed models are thought to yield relatively
crude results, [Wei and Brazill,1981]. Both the numerical and the analytical method of
determining the crack growth calibration curve do not take into account the possibility of
specimen heating from the current supply or the effects of crack tunnelling and the
conductivity of the cracked surfaces touching. During experimental calibrations with
identical test conditions these effects can be neglected.

From the early investigations of crack growth behaviour during the 1960’s, [Wei and Li,
1966], the direct current potential drop technique has been a very popular method of
determining the crack growth rate. The advantages of the d.c. technique are that it is
easy to use due to the limited requirements of a power supply, connection leads,
potential measurement probes, amplifier and a data logging and measurement system.
The direct current supply also produces a uniform current density over the thickness of
the component. However problems have been found when dissimilar metals have been
used for the p.d. probes and the specimen material during tests at increased
temperatures, [Wei and Brazill,1981]. Induced thermocouple effects, due to
electromotive forces, can occur producing noise on the measured signal and interference
due to high frequency, (R.F.), heating is also common. Possible solutions would be to
use shielded or coaxial cables, avoid electrical loops, measure specimen potential under
test condition with no d.c. supply and compensate for any unavoidable signals and during
thermal cycling take all p.d. measurements when the induction heating system is off.

From the late 1970’s an alternative to d.c. potential drop is a similar process using an
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alternating current supply. This technique has the advantage that a relatively small
current is required, the signal is insensitive to disturbances from thermal emf or R.F.
induction heating and the crack length resolution is greater than that of d.c systems
operating at a similar potential. However to measure crack growth using the a.c.
potential drop technique requires a complex system which can tune the fréquency of the
supply to reduce the skin-effect by producing a more uniform current density through the
specimen thickness, [Wei and Brazill,1981], Figure 2.2.16. Although the skin-effect is
beneficial to the measurement of short surface crack growth the effect of producing a
non-uniform current density through the thickness of the specimen increases the effective
resistance of the specimen, and hence for a given current, increases the potential
measurement. The potential measurement from an a.c. supply system may also contain
effects from the reactive components of the specimen, such as the capacitance and
inductance of the material. However with increasing crack growth these effects become
negligible.

The d.c. potential drop technique has been successful in monitoring the crack growth in
tubular components of alloy 800H under creep loading conditions, [Hunter et al.,1992],
with a calibration curve developed from interrupted experiments which were performed
in the laboratories at JRC Petten. Under thermal fatigue loading, the technique has not
been applied with such great success, [Skelton,1979], with small 4.5mm thick-walled
cylinders under constrained thermal cycling recorded circumferential crack growth from
the internal surface to breakthrough using a reverse face calibrated potential drop
technique, while longitudinal cracks which arrested at 0.46 of the thickness were not
detected by the potential drop system. With longer and thicker, 20.5mm, cylinders found
that d.c. potential drop, on the external surface, could only detect cracks once they had
penetrated half-way through the wall-thickness from the internal surface, [Skelton and
Miles, 1984]. The measurement of crack growth from the opposite face, relative to the
p.d. probes, was shown to be possible in a plate, [Hayashi et al.,1985], however both
the magnitude of the signal and the sensitivity for short cracks were low in comparison to
measurement across the cracked edge. The potential drop technique was also used to
measure the crack growth during thermo-mechanical fatigue of compact tension
specimens, [Burlet et al.,1989]. Measurements of experimental data were taken at the
same temperature and load during each cycle to avoid errors. However later comparison
tests on tubular components which were subjected to thermal cycling could not use
potential drop as the specimen were too large and a very high current was required to
detect cracks, [Skelton and Nix,1987].

Marchand, Dorner and Ilschner,[1988], developed an a.c. potential drop system to
measure the thermal fatigue crack growth in double-edged wedge specimens of nickel
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based superalloys. Calibrations were obtained using a thin saw cut to represent the crack
extension. Graphs of the potential drop during the crack initiation phase indicted three
zones. In zone I thermal shakedown of the specimen occurred, the potential probes
achieved thermal stability and the potential drop decreased for 100-200 cycles. Zone 1I
corresponded to microcrack initiation and the potential drop either increased or decreased
smoothly depending on whether initiation occurred at the edge where the potential drop
measurements were taken or at the opposite edge respectively. In zone III the potential
drop significantly changed due to crack growth. Other investigations, [Marsh,1981],
[Bethge et al.,1988], refer to using a potential drop technique to monitor the thermal
fatigue crack growth through steel plates but determine the crack propagation rates from
post-test analysis of the fracture surfaces.

In general the difficulties in performing thermal fatigue tests, such as transferring
specimens from fluidized beds, using induction heating and jet cooling, [Lieurade et
al., 1986}, and the dimensions of the specimens, such as large, thick cylinders, hinder the
use of the potential drop method to measure the crack growth rates. Following testing,
specimens are either sectioned, polished and etched in a reagent or broken in liquid
nitrogen to reveal the nature of the crack growth or the fracture surface markings. In
some investigations, the thermal cycles are periodically altered or a mechanical cycle
periodically is induced on the thermal cycle to leave a clear beach mark over the thermal
fatigue fracture surface. Under microscopic examination the fracture surfaces may
display striation patterns which give an estimation of the crack advancement during each
cycle. However crack surfaces are often covered in oxides following thermal fatigue and
the striation patterns are not easily visible, [Burlet et al.,1989]. Therefore a number of
investigations include a series of experiments under identical conditions for a varying
number of cycles to produce cracks of different depths to give an average crack growth
rate over the series of experiments. '

Crack growth rates in the region of 102 to 10* mm/cycle have been measured using p.d.
measurement on small Type 316 stainless steel specimens, quenched from 625°C,
[Skelton,1979]. Similar crack growth rates occurred between 860 and 580 C in
downshock tests, [Shimizu et al.,1983] on Type 316 steel plates, [Shimizu et al.,1983].
Marsh,{1981], has shown that decreasing the temperature range, the maximum
temperature and the quench time correspondingly decreases the thermal fatigue crack
growth rate in 316 stainless steel plates from maximum growth rates of 1.5x10-
'mm/cycle, with T, =500"C, AT=288°C, t . =4sec to 4x10smm/cycle, with
Tm=300°C, AT=172°C, t e =4s€C. Bethge et al.,[1988], have found similar crack
growth rates with a reactor pressure vessel steel which was quenched from a range of
maximum temperatures, 306 C to 414°C with a change in temperatures from 271°C to
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391°C. Overall the thermal fatigue crack growth rates are found to fall in the range of
mechanical crack growth data, yet vary with different temperature cycles, different
specimen geometries, different materials and different cycle waveshapes. In general
crack growth is transgranular although the presence of embrittled material or the
introduction of end loads with high maximum temperatures have encouraged faster
intergranular cracking.
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Figure 2.2.1. Body with a Crack of Length 2a.
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Figure 2.2.2. Three Modes of Fracture, (after Colangelo and Heiser,[1974]).
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Figure 2.2.3. Polar Co-ordinate System For Stresses at the Crack Tip,
(after Rice et al.,[1989]).
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Figure 2.2.4. Specimens For Standard Crack Growth Experiments,
(after Clark,[1971)).
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Figure 2.2.5. Shape of Plastic Zone at the Crack Tip Through the Body Thickness,
(after Klesnil and Lukas,|1980}).
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Figure 2.2.6. Three Regions of a Fatigue Crack Growth Plot, (after Brown,[1988]).
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Figure 2.2.7. Fatigue Crack Growth Curves For a Series of Materials,
(after Speidel,[1975]).
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Figure 2.2.8. Two Stages of Fatigue Crack Propagation,
(after Klesnil and Lukas,[1980}).
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Figure 2.2.9. Laird’s Model of Fatigue Crack Propagation,
(after Klesnil and Lukas,[1980]).
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Figure 2.2.10a. Linear Elastic Body Containing a Crack and Loaded
by the Remote Load P, (after Webster,[1989]).
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Figure 2.2.10b. Load vs. Load Point Displacement Plot, (after Webster,[1989]).
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Figure 2.2.11. Loaded Body For Calculation of J-Integral, (after Chell,[1981]).
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'Figure 2.2.12. Load vs. Load Point Displacement Plot, (after Webster,[1989]).
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Figure 2.2.13. Estimating AJ For Cyclic Loading Conditions, (after Chell,[1981]).
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Figure 2.2.14. Stress Through a Thermal Shocked Component, (after Skelton,[1979]).
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Figure 2.2.15. Uncracked and Cracked Bodies For Determination of the Weight
Function for use in the Superposition Method, (after Chell,[1981]).
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Figure 2.2.16. Skin Effect in a.c. Potential Drop Technique, (after Rice et al.,[1989]).
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2.3. Material Selection.

The candidate materials for the Next European Torus, NET, first wall and breeder
structural components were the martensitic steel, 1.4914, and ICL 167 SPH, which is a
variation of the austenitic stainless steel Type 316L, [Harries,1986]. Two preliminary
designs for the first wall have been produced, one consisting of a steel shell on the
plasma facing side with brazed coolant tubes on the opposite side and the other being a
steel box structure containing coolant tubes, [Harries and Zolti,1986]. Although the
operating conditions for NET have not been finalised, initial estimations suggested that
the first wall components would be subjected to the conditions of Table 2.3.1,
[Harries,1986];

Average Neutron Wall Loading 1 MW/m?
Peak Surface Heat Flux <0.5 MW/m?
Average Neutron Fluence 0.8 MW.yr/m?
Burn Pulse Length 50 — 1000 sec.
Number of Pulses 0.9x10°
Coolant Inlet Temperature 250°C
First Wall Operational Temp. Range 260°C < T <500°C

Table 2.3.1 Specifications of First Wall Operating Conditions.

However, with a coolant inlet temperature greatly reduced to that of water at room
temperature, [Tartaglia,1989], and the surface heat flux represented as a cycle, Figure
2.3.1., [Diegele et al.,1991], the external surface operating temperature range has been
calculated to be between 63.3°C and 385.6°C, [Merola,1991]. In this calculation, the
first wall was modelled as a 10mm thick plate with a 8mm diameter internal coolant tube
constructed from the austenitic stainless steel. The variation in temperature at the coolant
surface during the cycle was between 20.7 C and 81.1°C.

Components of the first wall will be subjected to a variety of potentially damaging
loadings during service, [Harries,1986]. Thermal cycling will produce through thickness
temperature gradients and alternating secondary thermal stresses. Disruptions in the
plasma current will change the magnetic field and induce localised heating and stresses
on the first wall. Covering the surface of the components with graphite tiles will reduce
the maximum temperatures and protect against plasma disruptions. Although the thermal
creep strength of Type 316L is very favourable at temperatures below 480°C, inelastic
deformation of the material can occur due to irradiation creep. Irradiation creep also
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relaxes the maximum thermal stress and changes the mean stress during the cycle, which
can reduce fatigue life. Further irradiation damage includes the development of helium
and hydrogen within the austenitic microstructure, which promotes intergranular
cracking. Irradiation induced void swelling may result in the distortion of first wall
components to such an extent that flow of the coolant may be restricted which
encourages failure through a thermal controlled process. Bombardment of ions and
energetic neutral atoms from the plasma reaction will result in sputtering and erosion of
the first wall, which will encourage initiation of cracks. However graphite tiles will help
to reduce if not prevent the damaging effect of the bombardment, [Merola and
Matera, 1991].

The austenitic stainless steel, ICL 167 SPH, has been selected as the first wall material
due to a combination of the availability of the large data base for similar Type 316
austenitic stainless steels due to their extensive use for reactor applications,
[Harries,1986], and the advantageous characteristics of ICL 167 SPH in comparison to
Types 316 and 316L. It has the same intergranular corrosion resistance as Type 316L
with the greater high temperature strength properties of Type 316H. Resistance to
embrittlement after long time exposure over 500 C is guaranteed while the restricted
variation of chemical analysis and mechanical properties ensures reproducibility of the
material properties, [Creusot-Loire Industrie,1984].

2.3.1. Metallurgy and Microstructure of ICL 167 SPH.

The material of interest was produced by the French company Creusot-Loire by hot
forming in a neutral or slightly oxidising atmosphere between 1150°C and 900°C.
Treatment consisted of solution annealing between 1050°C and 1150°C followed by
rapid cooling in air or water. This produced an austenitic microstructure with an average
grain size of 60um and ferritic stringers, Figure 2.3.2. The material was supplied in the
form of a 52mm thick hot rolled plate. It could be machined and welded by different
processes without the requirement of pre-welding heat treatment. The composition of
ICL 167 SPH is displayed in comparison with other examples of the austenitic stainless
steel Types 316L and 316 in Table 2.3.2.
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MAT| C Mn Si S P Cr Ni Mo N Co

ICL |0.024| 1.77 | 0.33 | .0006 | 0.023 | 17.28 | 12.07 | 2.41 | 0.071 | 0.064
167

SPH

316L | <0.03| <2.0 | <1.0 [{<0.03| < 16> | 10> (2.0 _ _
() 0.045| 18 14 [ 3.0

316 [<0.08| <2.0 | <1.0 [<0.03| < 16> | 10> |2.0>| _ 3
(a) 0.045| 18 14 3.0

balance is Fe, values are given in wt%.
(a) denotes values taken from The Making, Shaping and Treating of Steel,[1971].

Table 2.3.2. Chemical Compositions of Type 316 Stainless Steels.

The quantities of each alloy within the stainless steel are predetermined to combine with
both the iron and the carbon to produce a material with certain properties. Small
quantities of carbon are dissolved into the iron lattice, at high temperatures, to produce
steels with increased strength and resistance to plastic deformation. However increasing
percentages of carbon reduce the toughness and the ductility of the material. ICL 167
SPH contains only 0.024wt% carbon which would have dissolved into the iron
completely during the solution state. The 1.77wt% manganese is present to counteract
the brittling effects of sulphur. Nickel, like manganese is an austenite phase former and
when such a high quantity of nickel as 12.07wt% is combined with chromium then the
resulting steel displays heat resistant properties. Chromium stabilizes the austenizing
effect of nickel and in contents as high as 17.28wt% promotes both heat-resistance and
corrosion-resistance. The ferrite-phase promoting molybdenum, 2.41wt%, is included to
increase the elevated temperature strength of the steel while enhancing the corrosion
resistance. Nitrogen is added in a small quantity, 0.071wt%, to reduce the amount of
nickel required to assure austenite while the solubility of the nitrogen is maintained.

The material has been annealed at a temperature range which produces the austenite
phase and which would dissolve any constituents that may be present, in the forged
material, into the solution state. Such constituents include carbon which will remain in
solution if the steel is rapidly cooled following the annealing period. However during
welding or high temperature applications, such that the steel is sensitized, carbide
precipitation may occur, although a prolonged period at a high temperature is required
when the carbon content is less than 0.03wt%.

Ferrite stringers developed in the supplied material due to either prior exposure at higher
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temperatures or because of the addition of ferrite forming alloys like silicon and
molybdenum. The material is regarded to have a greater resistance to embrittlement than
standard Type 316 and 316L during long term exposure at temperatures between 500" C
and 900°C. It is non-magnetic and may be work-hardened but cannot be hardened by
heat treatment, [Creusot-Loire Industrie,1984].

2.3.2. Physical Properties of ICL 167 SPH.

Both the mechanical and the physical properties of the material compare well with
standard data, [Peckner and Bernstein,1977,], and are presented in Table 2.3.3

Temperature (°C) 20 300 500 700
Density (kg/m?) 8000 7870 7780 7680
Thermal Expansion 16 17 18 19
(20°C to T°C 10%/K)
Electrical Resistivity 760 950 1040 1120
(10°Qm)
Tensile Modulus of 195 175 155 140
Elasticity (KN/mm?)
Thermal Conductivity 14.5 18 20 23
(W.m!.K+)
Specific Heat 480 550 580 600
(J kg' K1)
Tensile Strength’ 525 425 400 270
(N/mm?) '
Proof Stress 220 133 112 104
0.2% Offset (N/mm?)

Table 2.3.3. Physical and Mechanical Properties of ICL 167 SPH

With reference to Table 2.3.3, the following notes can be made on the physical and
mechanical properties of ICL 167 SPH.

The coefficient of thermal expansion increases with temperature up to 723°C at which
point it tails off at a value corresponding to 19x10¢ K. The thermal conductivity
increases linearly with increasing temperature while the thermal diffusivity decreases
with increasing temperature, for values of temperature below room temperature, then it
increases almost linearly with increasing temperature. The specific heat increases as a
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function of increasing temperature, initially fast, then a great deal slower at temperatures
greater than 300°C. The electrical resistivity increases linearly with increasing
temperature to 600 C, beyond which the value increases at a slower rate. Both Young’s
modulus of elasticity and the 0.2% offset proof stress, (yield strength), of the material
decrease with the increasing temperature.

2.3.3. Cyclic Behaviour of ICL 167 SPH.

With the limited data available from literature on ICL 167 SPH, [Driver et al.,1988],
[Gerland et al.,1989(a-b)], [Levaillant and Pineau,1982], the following review of the
microstructure development, lifetime characteristics and crack growth behaviour under
cyclic loading, will compare with that of similar austenitic stainless steels from the 300
series, Types 316L and 316, at temperatures of interest.

2.3.3.1. Microstructural Development of ICL 167 SPH.

The average grain size of the supplied material was 60um, although grains as large as
200um have been observed in ICL 167 steel following a double annealing treatment at
1070°C, [Levaillant and Pineau,1982].

Some confusion exists over the microstructure development of ICL 167 SPH due to the
stacking fault energy for the material, 28mJ/m? which is in a critical region, between
20mJ/m? and 30mJ/m?, below which persistent slip bands do not form. Therefore
dislocation structures were observed to be either typical of wavy-slip behaviour and
formed cells or that of planar-slip behaviour and formed planar arrays of dislocation
tangles, [Gerland et al.,1989a]. When deformation amplitudes and the number of applied
cycles are low the dislocations appeared in planar arrays while at high strain amplitudes
and with increasing numbers of cycles the planar arrays are transformed into well-
defined veins and cells.

2.3.3.2. Fatigue Properties of ICL 167 SPH.

Under cyclic loading up to plastic strain amplitudes of 2x10? at room temperature, ICL
167 SPH displayed a similar stress-strain behaviour as the monotonic curve which was
developed from the first quarter cycle of each fatigue test, [Gerland et al.,1989a].
Beyond 2x10 the stabilised cyclic stress amplitude hardened to a value of up to 50%
greater than the corresponding monotonic stress. Cyclic hardening of ICL 167 SPH was
observed in both air and vacuum at room temperature with slight softening before
saturation. The saturation period was prolonged in a vacuum leading to increased fatigue
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lives, [Driver et al.,1988]. Similar hardening behaviours were observed at both 300" C
and 600°C, although the saturation stress amplitudes decreased with increasing
temperature. The only significant difference was the extended fatigue life at 300 C in a
vacuum and the secondary hardening to failure.

The fatigue life of ICL 167 SPH decreased with increasing strain amplitude whether it
was under total strain amplitude control, [Levaillant and Pineau,1982], or plastic strain
amplitude cycling, [Driver at al.,1988]. A decrease in fatigue life was observed with
increasing test temperatures from 20°C to 300 C to 600°C, [Driver at al.,1988]. Testing
in a vacuum increased the fatigue lives at each of the three temperatures with the most
significant increase at lower plastic strain amplitudes and at the greater temperatures.

2.3.4. Fatigue Crack Growth of ICL 167 SPH.

No fatigue crack growth data has been found from available literature for ICL 167 SPH
under either mechanical or thermal cycling. Therefore an assumption has to be made that
the fatigue crack growth rate can be described in terms of the stress intensity factor using
the coefficients of the Paris Law as developed for similar Type 316L stainless steels.
However with availability of both the supplied material and fatigue testing machines, it
is possible to determine both the LCF and the Paris Law characteristics of ICL 167 SPH
at the temperatures of interest in first wall applications.
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Figure 2.3.1. NET First Wall Surface Heat Flux, (after Diegele et al.,[1991]).
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Figure 2.3.2. Microstructure of ICL 167 SPH, (Mag.X250).
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3.0. Experimental Testing Facilities and Techniques.
3.1. Introduction.

An investigation into fatigue crack growth within a component subject to thermal cycling
requires knowledge of both the crack growth behaviour within the material under linear
elastic conditions and the behaviour of the material under cyclic strains above yield. It is
not always possible to find relevant equations which describe the characteristics of the
material of interest under conditions similar to those of the application in question. In the
present study, the proposal of the NET team, [Merola,1991], is that the components of
the first wall shall be subjected to thermal cycles between 80 C and 350°C due to
plasma bombardment. The candidate material for construction of the first wall
components is ICL 167 SPH which is an austenitic stainless steel similar in composition
to type 316L. The experimental investigation in this study has been divided into three
sections;

1. Low Cycle Fatigue (LCF) Testing: to develop relationships which describe the
behaviour of ICL 167 SPH under total strain control and in the plastic regime at the
temperatures of interest, 80" C and 350 C.

2. Mechanical Fatigue Crack Growth Testing: to develop relationships which describe
the crack growth behaviour of ICL 167 SPH under conditions of Linear Elastic Fracture
Mechanics, (LEFM), at the temperatures of interest, 25 C,80"C and 350" C.

3. Thermal Fatigue (TF) Crack Growth Testing: to produce data to model the crack
growth behaviour within tubular components of ICL 167 SPH being subject to the
Thermal Cycling (TC) and Thermal Gradients (TG) expected of First Wall components.

The relationships developed from the standard specimen testing, (1 and 2), will be used
in the modelling of the data produced from the tubular component testing, (3). All
experimentation was performed in the Environmental Testing Laboratory, ETL, at the
Commission of the European Communities’ Institute of Advanced Materials in Petten.
This laboratory is divided, geographically, into two main sections which are split into
areas of separate group’s activities. ETL North is dedicated to creep and corrosion
testing of standard type specimens. ETL South is divided into a standard specimen
testing section and a tubular component testing facility. The standard specimen testing
section contains six closed loop testing machines upon which fatigue and creep testing of
engineering materials are performed at various temperatures in either air or a vacuum.
Both the LCF and LEFM testing were carried out in this area of the ETL South. The
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tubular component testing facility contains four concrete cells in which tubes are tested
under complex loading with the possibility of aggressive environments. There was also a
large area of this facility, separate from the cells, in which a special rig has been
constructed to carry out the thermal fatigue testing of tubular components.

In the following sections the experimental details are discussed, including the equipment
used, the design and assembly of the specimens, the data measurement systems
employed and the results obtained.

' 3.2. Low Cycle Fatigue Testing.
3.2.1. Experimental Equipment.

Uniaxial testing of solid section specimens under cyclic strain control is widely
practised, [Driver et al.,1988], to determine the fatigue characteristics of austenitic
stainless steels. Cyclic stress/strain curves, hardening/softening behaviour, fatigue
life/strain relationships and the elastic modulus of the material can all be determined
from this method of testing. To develop these relationships for ICL 167 SPH at the two
temperature extremes of the thermal cycling tests, 80°C and 350°C, a series of uniaxial
low cycle fatigue tests have been carried out on a Schenck Treble I 100KN electro-
mechanical closed loop testing machine.

The Schenck Treble II has three possible control modes, force, strain and stroke, which
operate in a closed loop system. In each case a voltage/time signal is sent through a
servo controller to a servo valve which controls the movement of the load train through a
mechanical gear system. In each of the three control modes the response of the machine
is measured and sent back to the servo-controller through a calibrated measurement
device. Thereafter the response signal is matched to the limits set at the control panel
and the test continues. Under stroke control a linear variable differential transformer,
(LVDT), measures the actual axial displacement of the load train, a load cell measures
the axial displacement of the load train which is calibrated to the selected load range and
under strain control the axial displacement of the load train is measured relative to the
selected gauge length of the specimen. In each case the signals sent through calibrated
sensors can be measured directly from the control panel on the testing machine.

All LCF testing was performed under total strain control. Continuous cycling was
performed over a range of total strain amplitudes at a constant total strain rate of 4x10-
3sec! to enable comparison with LCF data on types 316 and 316L stainless steels over
similar temperature ranges and strain rates, [Driver et al.,1988]. The triangular
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waveform was developed using a MTS digital function generator and the response was
measured using a spring balanced extensometer. The extensometer, Figure 3.2.1,
consists of an assembly of two alumina arms, each 20cm long, fixed into two aluminium
blocks which are supported by a thin sheet of steel which can bend like a spring. In the
end of each block is a v-shaped groove into which the knife edges of a LVDT are
positioned. When the end points of the arms are positioned at a set gauge length on the
specimen surface, any axial movement of the specimen results in a corresponding
movement of the blocks which is detected by the LVDT. The extensometer is housed
within a copper tube cooling chamber with a constant flow of water to avoid overheating
of the extensometer during testing. The whole assembly was mounted on a displacement
table which could be moved to and from the specimen using a screw and spring
mechanism allowing the end points of the extensometer arms to be held in position.

The gauge section of the specimen was heated using a Celes 6KW Induction Heating
System, which operated in a closed loop. Both the heat-up time to temperature and hold
time at temperature were programmed into a Eurotherm thermal response controller. A
copper tubing induction heating coil was manufactured to uniformly heat the test section
while giving the opportunity to position the extensometer arms against the side of the
specimen and allow optical inspection of the specimen surface during testing. The copper
tubing was 1mm thick with an external diameter of 6mm, and was shaped to produce a
coil consisting of three loops, each 20mm internal diameter, a 16mm wide gap and
another three loops. The coil, which was covered with an insulating sock to avoid direct
contact with the specimen, was positioned around the gauge length of the specimen.
With the gauge length of the specimen in the 16mm wide gap between the loops of the
coil, the gauge surface was clearly visible and the extensometer arms were positioned
through the centre of the loops onto the side of the specimen. The temperature
measurement and control was realised using K-type, NiCr/NiAl, thermocouples which
were spot welded onto the specimen. Throughout the present study all thermocouples
have been calibrated before testing in a calibration furnace. The measurements of one of
the thermocouples were supplied to the Eurotherm controller for comparison and
alteration of the supply signal to the heating system. The induction heating system
induces voltages in both the specimen and the copper coil, therefore cooling water was
pumped through the heating coil, the induction heating capacitance box, the induction
heating generator, the extensometer housing and the specimen grips in a closed loop
through a refrigerated reservoir to maintain a cooling water temperature of 18°C.

The number of cycles were continuously recorded on a counter on the control panel of
the test machine. The system also featured an interlock switch enabling the machine to
be stopped after the desired number of cycles. Voltage output readings corresponding

117



to load, total strain, plastic strain and temperature were recorded on a W&W chart
recorder while stress/strain hysteresis loops were drawn on a X-Y recorder. To avoid
damage to the fracture surface limit switches were set to hold the specimen under tension
when failure of the specimen occurred. In the event of reduced cooling water flow the
induction heating system has a shutdown system to avoid overheating and damage to the
system.

3.2.2. Specimen Design, Instrumentation and Assembly.

The dimensions of the specimens tested under LCF loading are shown in Figure 3.2.2.
The total length of the specimen was 112mm long including a test gauge section which
was 9mm long, 12mm wide and 3mm thick. At each of the ends an axial length of
13.7mm was threaded to M16 for gripping of the assembly rings. The gripping rings
were manufactured with a M16 bore and eight holes, 6mm diameter, concentric around
the same diameter. In the bottom surface of the rings a 2mm deep groove was machined
to match the 2mm deep flange on both the upper and lower facing pistons of the load
train. To position the specimen the gripping rings were screwed onto the ends of the
specimen with the grooved ends facing away from the gauge section. With the machine
under stroke control the specimen and gripping assembly was positioned onto the lower
piston, the eight tightening screws were slightly fastened and the actuator was raised
until the top of the specimen met the top piston face. The upper ring was positioned to
match the upper piston and the eight fastening screws were tightened. Under load
control, the specimen was compressed to a 0.5KN load and the sixteen screws were
fastened. To avoid induced bending loads an initial specimen was instrumented with six
strain gauges and the screws were tightened to a position when the bending strains across
the specimen were similar in the range of 5% to 7%. Each screw was marked with it’s
corresponding hole and depth. It was practically impossible to strain gauge every
specimen due to both the limited number of strain gauges available and need to have
uncovered specimen surfaces for both optical inspection and extensometer contact points.
The removal of strain gauges from the surface with the specimens in position was a very
tedious operation which often resulted in the separation of a spot welded thermocouple
and occasionally the scratching of the surface. Re-spot welding thermocouples onto the
specimen while the specimen was positioned in the machine was also a very difficult
procedure which could also result in damage to the specimen.

The induction heating coil was connected to the capacitance chamber which was
supported on a displacement table to enable the coil to be positioned in two directions.
The final position of the coil around the specimen, the temperature gradient over the test
section and the ideal positions of the control thermocouples on the specimen were all
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